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ABSTRACT 
Ceramic armour must offer protection against armour piercing threats at low weight and affordable 
cost.  As a possible means of improving armour, a range of SiC-B4C composites have been produced 
and characterised.  The degree of contact between the two phases has been quantified and shown 
to have a strong effect on the densification and microstructure in these materials.  This 
understanding has enabled independent variation of microstructural parameters which are normally 
interrelated.  These were; porosity, SiC:B4C mass ratio, B4C distribution in a SiC matrix and SiC grain 
size distribution.  To assess effects of each of these parameters on ballistic performance V50 testing 
was carried out, using 7.62 mm armour piercing rounds.  The amount of porosity is shown to have a 
slight effect on V50 and a marked effect on scatter in V50.  The pore size distribution is also shown to 
be important; across a range of pairs of materials with similar total pore volumes but differing pore 
size distributions, larger pores consistently give lower V50.  SiC:B4C mass ratio does not seem to 
greatly affect V50, potentially allowing application specific cost/weight balances at constant 
protection level.  B4C distribution has a strong effect.  In general, for B4C features with diameters 
ranging from 1 m to 100 m, the coarser features performed better.  Using coarse B4C particles in a 
SiC matrix, a V50 of approximately 980 ± 20 m s-1 at a density of 3.00 g cm-3 was achieved 
reproducibly.  This material is preferred due to a combination of relatively lower cost, reduced 
density and repeatability.  Knoop indentation has been used to derive possible merit indices which 
could potentially be used to rank ballistic materials.  These includes analysis of failure probability of 
indents and the indentation size effect.    A preliminary study indicates ballistic impacts may affect 
SiC polytype composition. 
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1. INTRODUCTION  
1.1. CONTEXT 
In a modern warzone there are many potential threats, encompassing a range of different energy 
levels, applied strain rates and impact materials.  As a result, numerous different armour systems are 
used.  One important light weight armour system is a bi-layer with an outer ceramic strike face 
bonded to a strong, tough backing material.  This is used for hard plate inserts in personal armour, 
appliqué armour for light vehicles and ultra-light weight applications, such as helicopter seats.  
Though the benefit of a ceramic strike face was first observed with enamelled steel in World War 1, 
a patent for the armour system as known today was first accepted in 1970 [1].  This patent includes 
a schematic of the basic operation of the system, which is shown in fig. 1.1. 
 
Fig. 1.1: Schematic showing design and proposed operation principle of the first patented light 
armour system [1]. 
In some cases, the projectile may be destroyed or damaged and so stopped without appreciably 
penetrating the ceramic surface.  This is known as interface defeat.  Alternatively, the projectile may 
start to penetrate, as shown in fig. 1.1.  The period during which the bullet is held at the ceramic 
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surface before the onset of appreciable penetration is known as dwell [2].  During penetration it will 
be further deformed and eroded as the material beneath it must be forced out and around it in 
order to be ejected.  The damage and erosion of the projectile are increased by lateral confinement 
imposed by the undamaged ceramic around the point of impact and, in some armour systems, by an 
external applied stress.  The damaged material beneath the projectile forms a cone spreading out 
below the projectile; this can serve to spread the load of the impact over a wider area of the backing 
material, greatly reducing the stress it experiences.  The backing material is chosen to be stiff, strong 
and tough, so that under this load it is deformed but not excessively and not penetrated, ultimately 
stopping the shot.  Projectile defeat is therefore accomplished by a combination of dwell, erosion 
and backing deformation; the ratio of the three is determined by the armour system and the threat.   
Ceramics are selected for the outer face because of their combination of high hardness and low 
density.  Hardness is essential to shatter and damage the projectile and low density is essential to 
allow battlefield mobility.  When selecting an armour ceramic, there are therefore three major 
factors to consider; protection against application specific threats, material density and cost.   
Hence, non-oxide ceramics are of particular interest as they provide excellent protection and low 
density.  SiC and B4C have densities of 3.2 g cm-3 and 2.5 g cm-3 respectively, compared with 
approximately 4 g cm-3 for Al2O3 grades.  Both materials are currently used in demanding, high 
performance applications.  Unfortunately B4C has, in addition to lower density, significantly higher 
cost than SiC and is harder to produce.  Additionally, while it does perform well against small arms, it 
also shows a performance decrease against higher energy threats.  As a result of these 
considerations, the two materials are currently used in different applications; examples include B4C 
in helicopter seats, and SiC in hard plate inserts personal armour and as appliqué armour for light 
vehicles.   
In any ceramic armour, despite low overall material density being desirable, porosity must be 
relatively low for effective ballistic protection.  However, this is difficult to achieve.  Both SiC and B4C 
are therefore are sometimes produced by various pressure assisted densification (PAD) techniques.  
These include hot pressing (HP), spark plasma sintering (SPS) and hot isostatic pressing (HIP).  
However, HP and SPS limit the possible geometries that may be produced, due to the need to design 
uniaxial tooling which can evenly apply the required force at the sintering temperature.  Further, 
due to the specialised equipment required, all PAD techniques can potentially increase production 
costs.  Pressureless sintering is a significantly cheaper alternative, with fewer restrictions on part 
geometry but does not facilitate densification to the same extent.   Thus, this technique is used 
exclusively in this project, in spite of the additional processing difficulties 
To achieve optimal ballistic performance it would be desirable to tailor and design material 
microstructures.  Though the general principle of projectile defeat by armour ceramics is 
understood, the precise mechanisms at the microstructural level are not.  This is due to the dynamic 
nature of ballistic events; they are difficult to observe in detail.  Further, no individual or group of 
quasi-static properties has yet been demonstrated to reliably differentiate potential armour 
materials.  As a result, how microstructural features can affect performance in armour ceramics is 
not well understood.  This limits the efficiency of the development of new materials, so there is an 
ongoing need to understand ballistic performance in terms of microstructure. 
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In light of these considerations, the SiC-B4C composite system has been selected for the present 
study as it gives two key advantages.  The first is the potential to produce a range of novel materials 
which show a balance of the three key factors for an armour ceramic.  In a composite, these may be 
varied based on the intended application.  As previously discussed, performance is not equivalent 
across different threats or armour systems.   SiC and B4C are used differently because each has a 
different protection/density/cost balance.  In a composite the trade-off between these factors will 
alter as the material composition moves between these two phases.  For example, if two composites 
with 20 and 80 wt % B4C demonstrated equal protection for given unit thickness the latter would be 
appreciably lighter than the former, but much more expensive.  The former may be suitable for 
applications requiring larger area coverage currently fulfilled by SiC, while the latter may be used for 
weight critical applications, currently filled by B4C.  In each case, the composite may also show better 
protection per unit thickness than the monolithic material.  The second reason for focusing on 
composites is that addition of a second phase gives a wider range of possible microstructures than in 
a monolithic material.  This affords greater possibility to design materials to investigate particular 
microstructural features and so develop links between microstructure and performance.  It should 
be noted that this work considers only particulate B4C composites; continuous fibre re-enforced 
materials are outside the scope of this thesis. 
1.2. PROJECT OBJECTIVES   
This project had two key overall aims.  The first principal aim was to investigate the production of 
SiC-B4C composites in order to identify materials which show good ballistic performance.  Due to the 
varying definitions of performance, this may be achieved by increased protection at a given density 
or reduced density for a given level of protection.  Materials produced must also remain cost 
effective and commercially viable, so production of any improved materials could be up-scaled.  As 
discussed in section 1.1, pressureless sintering has been selected as a means to reduce production 
cost.  The second principal aim was to improve understanding of the performance of armour 
materials, in terms of their microstructure and properties.  This would enable armour materials to be 
designed more efficiently in the future.     
To work towards both of the principal aims, a key interim objective was to understand the factors 
controlling the densification and microstructure of SiC-B4C composites.  One aspect of this objective 
was achieving low porosity across a range of compositions, which as stated in section 1.1, is 
generally considered necessary for improved ballistic performance.  Achieving this can pose a 
significant challenge when pressureless sintering is used, especially in the case of B4C.  A second 
aspect of this was to characterise and quantify a two phase microstructure, to understand 
microstructural evolution.  A third aspect was to control and independently vary microstructural 
features.  This was necessary in order to determine which microstructural features may affect 
ballistic performance within a series of materials designed to test the effect of a specific parameter. 
A second interim objective was to establish a route through which sufficient material could be 
produced to allow a useful ballistic test.  An ideal test would give useful comparative data allowing 
materials to be differentiated and also be against a threat level which reflects those a system of this 
type may be used against.  The size of tiles produced for testing was a key related consideration.  
While larger tiles typically show higher performance, producing these means that for a given powder 
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production capacity, fewer tiles are available to shoot.  Thus tiles of a size sufficient to differentiate 
material performance but small enough to give sufficient quantity for testing had to be selected. 
Using the established route, the next interim objective was to produce a range of materials with the 
potential to show either enhanced ballistic performance or a useful trend in performance with a 
known controlled feature, such as SiC:B4C ratio.  Using previous understanding, these were 
quantified and other microstructural parameters kept constant.  Additionally, while it is not currently 
possible to use quasi-static properties to differentiate between potential ballistic materials, they 
may be linked to ballistic performance under some conditions.  Thus it was useful to determine 
these properties. 
The final objective necessary to meet overall aims was to subject potential materials to a suitable 
ballistic test.   The resulting ballistic data could then be compared with the microstructure and 
property data.  Provided other interim objectives were met, this could indicate microstructure-
performance links.  Ballistic data should also indicate which approaches were successful in improving 
ballistic performance. 
1.3. OUTLINE OF DOCUMENT 
The remainder of this document is divided into seven chapters.  Chapters 2, 3 and 8 are relevant to 
the investigation overall, while chapters 4-7 relate specific investigations designed to meet particular 
project objectives, as described in section 1.2.   
Chapter 2 gives an outline of relevant literature, covering two major areas.  The first is existing 
understanding of densification and microstructural evolution of SiC, B4C and composite ceramics.  
The second area is what is understood of ballistic impact on a ceramic, and how microstructure and 
properties of these materials may be linked to the performance.  This study is used to identify 
possible avenues of investigation. 
Chapter 3 outlines methodology used throughout this work.  Since material production is central, 
the route adopted for this is described.  This includes each step in the production of a typical 
engineering ceramic; mixing a powder blend, forming this into a shape and sintering a dense body.  
Characterisation techniques which have been important across multiple investigations are also 
described. 
Chapters 4-7 each start with the specific objectives of that investigation.  After this, a survey of 
literature and summary of methods relevant to these are given.  In each case materials produced for 
the specific investigation are tabulated.  Results for the investigation are then presented and 
discussed, followed by a conclusion which summarises key findings and the degree to which the 
objectives of the investigation have been met. 
Chapter 4 discusses preliminary investigations designed to understand factors important to 
microstructural evolution in these composites.  Techniques for understanding a two-phased 
microstructure are applied to densification and microstructural evolution.  Controlling grain growth 
in SiC is considered in detail.  Microstructural parameters which can be varied independently are 
also identified. 
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Chapter 5 describes materials which have been produced for ballistic testing using the principles of 
microstructural control established in chapter 4.  The material matrix, containing a range of 
microstructural parameters isolated for testing, is shown.  These materials are also characterised 
extensively, in terms of both microstructure and properties.  These data are required to identify 
potential underlying ballistic performance trends. 
Chapter 6 presents the ballistic performance of materials developed and analysed according to the 
work shown in chapters 4 and 5.  The test method is detailed, and the performance data are related 
to microstructural parameters and physical properties generated. 
Chapter 7 considers SiC-B4C composites which have Ti added in different forms.  These materials are 
an alternative attempt to overcome the difficulties in processing composites while at the same time 
improving, or at least retaining mechanical properties.  Two potential Ti additives are considered and 
the ballistic performance of the most promising material based on preliminary data is compared 
with an equivalent composite without additives. 
Finally, chapter 8 is a discussion of the project as a whole, selecting key findings and assessing the 
degree to which the overall objectives have been met in light of these.  Potential for follow-on 
investigations which could build on this work is also considered.  
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2. LITERATURE SURVEY 
2.1. INTRODUCTION 
This chapter outlines literature relevant to production of SiC-B4C composites by pressureless 
sintering for armour applications.  One objective of this chapter is to consider current understanding 
of SiC, B4C and composite production and to evaluate how these can affect microstructural 
evolution.  From this understanding, possible avenues for the production of novel composites can be 
identified.  A second objective is to assess known links between microstructure and ballistic 
performance.  The overall aim is to use these to identify useful microstructures which may be 
formed in SiC-B4C composites to facilitate material development for armour applications. 
In the remainder of this chapter, section 2.2 discusses understanding of each phase in isolation, 
especially densification by pressureless sintering.  This may help to identify processing conditions or 
sintering additives which are potentially effective in composites but have not yet been considered.  
Existing work on composites is reviewed in section 2.3, in order to identify to what extent their 
microstructure and properties have been controlled.  Finally, currently understood links between 
microstructure and ballistic performance in engineering ceramics are discussed in section 2.4.  
Section 2.5 summarises ways in which understanding of microstructural evolution in SiC, B4C and 
composites may be used to achieve microstructures which could be linked with ballistic 
performance. 
2.2. INDEPENDENT SINTERING OF SiC AND B4C 
2.2.1. Introduction 
As stated in chapter 1, both SiC and B4C are difficult to densify.  In addition to low self diffusivity, 
both SiC and B4C have oxide coatings when in powder form, preventing direct contact between 
material in different powder particles.  As a result of these considerations, neither of these materials 
can be sintered under pressureless conditions without additives.  The additives used and their 
effects are consequentially a major focus of this review.  Even in the presence of additives which are 
beneficial to densification, both materials require high sintering temperatures.  Neither shows 
densification under pressureless sintering conditions below 1800 oC.  For SiC, in excess of 2000 oC is 
typically required, with anti-sintering typically observed around 2200 oC.  The typical temperature 
range is similar for B4C, though approximately 100 oC higher.  However, in each case, the sintering 
temperature can be reduced if a liquid phase is used.  These materials are referred to as liquid phase 
sintered (LPS). 
Section 2.2.2 discusses solid-state sintered SiC, (referred to as sSiC).  However, LPS SiC has also been 
widely considered.  Section 2.2.3 therefore summaries the different systems which have been 
trialled to achieve this.  SiC also exhibits wide ranging possible microstructures and complex 
crystallography.  Section 2.2.4 considers these, as they allow for potential microstructural control.  
 8 
 
The sintering of B4C is covered in section 2.2.5.  Section 2.2.6 lists conclusions for the most effective 
sintering aids and temperatures for each material, including overlap between parameters for each. 
2.2.2. Solid state sintering of SiC 
In pressureless sintering, good densification of SiC cannot be achieved without the use of additives.  
The established additive system for solid state sintering of SiC is a combination of B and C.  Though C 
is known to be important in the densification of sSiC, its precise role is still somewhat uncertain.  A 
full understanding of the mechanism may better allow tailoring of the microstructure in SiC (or 
materials containing SiC).  It has been suggested that C removes the SiO2 coating on the powder 
particles, facilitating direct SiC-SiC contact [1].  However, others have argued that the reduction of 
SiO2 by C is not thermodynamically favourable under these conditions [2].  Experimental evidence 
would seem to corroborate this [3].  An alternative hypothesis is that the C blocks mass transport 
processes which do not efficiently densify the material, reducing surface diffusion [4].  Regardless of 
mechanism, it is clear that C addition is also vital to effective sintering of composites; as a result, it 
has been used in all materials in this investigation. 
Along with C, B is usually added to sSiC as SiC cannot be readily sintered to near full density under 
solid-state, pressureless sintering conditions without both [5], as shown in fig. 2.1.   
B appears to facilitate diffusion in SiC, by raising the energy of the structure, for example by creating 
stacking faults in the material, and creating a stress field to stabilize these. [6].  In spite of this, it has 
been found to have a low solid solubility in SiC, estimated to be between 0.1 wt % B [7] and 0.2 wt % 
B [8,9].  Improvements in the self-diffusivity of Si and C in SiC have been observed with as little 10 
ppb B [10], though this depends on all the available B being accessible during densification.  This 
suggests that B4C added in a composite will provide sufficient B for densification in the SiC.  One 
study [8] has proposed two roles for B in SiC.  The first is increasing the self diffusivity of SiC by 
creating defects, such as stacking faults, in the structure.  The second is the formation of a Si-B-C 
liquid at higher temperatures.  This was believed to be the case since more grain growth was 
observed in samples with higher B content, as shown in fig. 2.2.  This requires more mass transport, 
which may be provided by a liquid phase.  Increasing C content may lower the temperature of 
formation of the Si-B-C liquid [11]. 
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1 
Fig. 2.1: Plot showing total porosity in different SiC compositions as a function of temperature [4].  
Only material with B and C addition reaches low porosity. 
2 
Fig. 2.2: Grain structure in materials with 3 wt % C and; a) 0.5, b) 1.0, c) 2.0 and d) 4 wt % B [8]. 
On the other hand this hypothesis is possibly inconsistent with the hypothesis that C blocks 
pathways which are inefficient to densification.  If a Si-B-C liquid were responsible for discontinuous 
grain growth, increasing C content may be expected to increase discontinuous grain growth.  
Experimentally, the opposite effect was observed [4].  As discussed in section 2.4, SiC and B4C form a 
eutectic liquid above about 2250 oC [12].  However, this is above the typical sintering temperature in 
these materials.  It seems more probable therefore that a liquid including Si-B-O and containing 
trace amounts of other impurities such as Fe.  In this case, C could reduce discontinuous grain 
growth by preventing formation of this phase may form.  Similarly, since it was observed that B 
tends to increase discontinuous grain growth, B may lower the formation temperature of this or 
                                                          
1 Reprinted from Ceramics International, 29, Stobierski, L., Gubernat, A., Sintering of silicon carbide I. Effect of 
carbon, 287-292., Copyright (2003), with permission from Elsevier. 
2 Reprinted from Ceramics International, 29, Stobierski, L., Gubernat, A., Sintering of silicon carbide II. Effect of 
boron, 355-361., Copyright (2003), with permission from Elsevier. 
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increase the amount of liquid formed.  As the temperature rises further however, a Si-B-C liquid 
could form. 
One problem with sSiC is that it is brittle, especially when compared with LPS SiC.  A second phase 
can be added to sSiC, to produce toughening by crack deflection.  This has been achieved with TiB2 
[13].  In SiC-TiB2 produced by HP, maximum toughness was achieved with 40 wt % TiB2 [14].  Other 
studies have demonstrated the toughening effects of TiB2 in SiC produced by pressureless sintering 
[15].  This corresponds with approximately 25 % volume, predicted to be the volume fraction 
required for optimal toughening [16].  TiC and SiC can also be sintered together [17].  Under these 
conditions, TiC acts as a toughening phase [18].  Dispersion also has an effect on toughening.  In one 
study, TiB2 was dispersed both around SiC granules and among SiC powder particles [14,19] as 
shown in fig. 2.3.  Dispersion around granules resulted in fewer, larger features than intermixing into 
the powder, for a constant addition level.  Larger features were believed to give higher toughness 
but less consistent behaviour due to fewer, larger defect features.  In this case therefore, the second 
phase dispersion controlled the flaw size and distribution.   
3 
Fig. 2.3: BS SEM images showing cross sections of SiC-TiB2 composite with TiB2 light grey, SiC dark 
grey and B4C/pores black.  White impurities not specified [19].  
While TiB2 does appear to toughen SiC, neither TiC nor TiB2 appear to act as a sintering aid for SiC 
without other additives [20]. 
2.2.3. Liquid phase sintering of SiC 
Sintering aids which promote LPS in SiC have been widely investigated, in order to produce materials 
for different applications.  This process has the potential to reduce processing temperatures and also 
to increase material toughness.  As a result there has been extensive work to understand 
microstructural evolution in LPS SiC.  Additive systems which promote LPS in SiC typically include Al.  
This is because of the ability of Si, Al and O from particle impurities to form a low melting 
temperature liquid.  Key Al sources which have been trialled include Al2O3 [21,22] and AlN [23,24], 
which is used in current state of the art pressure assisted densification (PAD) SiC-N [25].  Both AlN 
                                                          
3  Microstructural Effects on the Mechanical Properties of SiC-15 vol% TiB2 Particulate-Reinforced Ceramic 
Composites. Copyright © 2003 John Wiley and Sons. 
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and Al2O3 are typically added with Y2O3 to increase rate of densification [26-29].  SiO2 is also 
commonly added to increase the volume of the liquid phase [30].   
Use of AlN has the potential advantage of in situ production of N.  N can increase the viscosity of a 
Si-Al-O liquid phase, thereby limiting mass transport and so grain growth [31].  Unfortunately, where 
N is produced, it can react with C in the sintering environment, potentially producing HCN [32] and 
this risk must be considered in a production environment.   
Al-B-C, (ABC), phases have also been used to facilitate LPS [33-35].  Such phases have been formed in 
situ in SiC from Al sources, B4C and C [33].  SiC and ABC phases exist in equilibrium below a certain 
temperature.  ABC phases have also been produced as powder and then intermixed with SiC.  It was 
initially believed that the ABC phase formed in situ would be Al8B4C7, [34] the first such phase 
studied [36], though it has been established that Al3BC3 is more stable [37].  Al8B4C7 can still be 
formed under specific conditions and can consequentially be used as a sintering aid [38].   The 
sintering mechanism for ABC phases was assumed to be LPS caused by the melting of the ABC phase 
[34,35,39].  However, it has been shown that Al3BC3 does not melt up to temperatures of 1800 oC 
and that at this temperature, significant Al evaporation occurs [40].  Further work has suggested that 
while ABC phases do not melt, they can dissolve in the Si-Al-O or Si-Al-B-O liquid phase formed from 
the surface impurities of SiC powder at approximately 1400-1600 oC [41].  The dissolution increases 
the volume of the liquid phase, facilitating sintering.  It can be speculated that formation and 
dissolution of an ABC phase may be important in the sintering of a SiC-B4C composite containing 
Al2O3. 
The grain boundary complexions [42] in LPS-SiC sintered with Al will also be different from materials 
produced by solid state sintering.  A material sintered with an ABC phase will have an intergranular 
film (IGF) containing Al, as shown in fig. 2.4.  
4 
Fig. 2.4: Example high resolution transmission electron micrograph (HRTEM) images showing IGFs 
between SiC grains in an LPS SiC [43]. 
 It has been demonstrated that the structure of this IGF can be controlled.  While the IGF is generally 
amorphous, in -SiC it has been shown that a heat treatment at 1200 oC can crystallise it, with an 
Al2OC phase believed to form [43]. This was achieved with a 500 hour treatment.  Further work [44] 
observed an onset of crystallisation at 1000 oC, with a 30 hour treatment required to crystallise 
                                                          
4 Grain Boundary Evolution in Hot-Pressed ABC-SiC. Copyright © 2004 John Wiley and Sons. 
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approximately 50 % of the IGF volume.  The rate of crystallisation increased with temperature.  The 
difference between crystalline and amorphous IGFs can be observed in fig. 2.5. 
5 
Fig. 2.5: HRTEM image showing SiC grain boundaries with different compositions and both crystalline 
and amorphous structures [45]. 
The ability to tailor the IGF microstructure may improve properties of these materials over 
conventional LPS SiC.  However, crystallisation of the IGF may be prevented since it will require a 
volume change, and the IGF is constrained by the surrounding bulk material [46].   
One potential disadvantage of LPS SiC materials is that they are usually sintered in a powder bed to 
reduce mass loss.  This greatly increases production cost in an industrial environment.  However, 
sintering with both AlN-Y2O3 and Al2O3-Y2O3 systems without a powder bed has been demonstrated 
to give equivalent properties [47]. 
2.2.4. Grain growth and polytypism in SiC  
SiC has a crystal structure analogous to diamond.  However the bond orientation between layers of 
tetrahedra can vary along the close packed axis.  This gives rise to a one- dimensional form of 
polymorphism called polytypism [48].  All polytypes are identified by Ramsdell notation [49], which 
refers to their stacking sequence up the close packed axis.  Only one polytype, 3C has cubic 
symmetry.  This is known as -SiC commercially.  All others are grouped together as -SiC.  The most 
common polytypes in -SiC are 6H, 4H and 15R.  These polytypes can affect microstructural 
evolution in SiC, along with sintering conditions such as additives and temperatures used. 
                                                          
5 Reprinted from Acta Materialia, 51, Xiao Feng Zhang, Qing Yang, Lutgard C. De Jonghe, Microstructure 
development in hot-pressed silicon carbide: effects of aluminum, boron, and carbon additives, 3849-3860., 
Copyright (2003), with permission from Elsevier. 
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In addition to this, SiC has long been known to display discontinuous grain growth, with examples 
shown in fig. 2.6.  This is more common in pressureless sintering than HP since the former typically 
requires the use of higher temperatures to achieve densification.  The use of a second, inert, phase 
such as graphite has been demonstrated to limit this [50]. 
6 
Fig. 2.6: SEM images showing different grain size distributions in LPS SiC, including relatively 
equiaxed and also discontinuous [43]. 
Similar effects have been achieved in Al2O3, using B4C as an inert phase [51,52].  However, the 
degree of control of grain growth which may be achieved using a second phase is not well 
understood.  A distinct trend has been observed for B, (added as B4C) in -SiC [53].  In this work it 
was observed that the addition of a small amount of B to SiC increased grain growth; this is in 
agreement with the observation that B typically increases diffusivity and mass transport in SiC [8].  
However, further addition of B4C inhibited grain growth.  Since B has a low solid solubility in SiC [9], 
the remaining B4C was likely to be inert.  This suggests that the interfacial area between SiC and B4C 
was inhibiting grain growth, as was observed with graphite addition.  The importance of second 
phase distribution to grain growth has been demonstrated in the study of hot pressed SiC-TiB2 
composites discussed in section 2.2.2 [13].  In this study, the well dispersed TiB2 gave smaller grains 
than the less well dispersed TiB2. 
In LPS SiC, abnormal grain growth is often increased using -SiC starting powder [33,54].  This causes 
a dissolution-precipitation mechanism to operate [27].  The result is elongated or plate like grains as 
the less thermodynamically stable 3C polytype dissolves and re-precipitates as -SiC.  These grains 
have a core-rim structure, as shown in fig. 2.7, comprised of a nucleating grain and surrounding SiC 
containing impurities from the liquid phase [55].   Abnormal grains give short fibre toughening by 
pull out and crack bridging.   
                                                          
6 Grain Boundary Evolution in Hot-Pressed ABC-SiC. Copyright © 2004 John Wiley and Sons. 
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7 
Fig. 2.7: SEM micrograph of etched SiC, with dark regions, as marked C, nucleating a SiC grains and 
the lighter regions, as marked S, the rim (or ‘shell’) regions [56]. 
However, this is possible in LPS SiC because the liquid phase leaves an amorphous IGF after sintering, 
which shifts the quasi static fracture mode from trans- to inter-granular [57].  The IGF also 
compromises the hardness and strength, of these materials [58,59], though this can be offset if the 
IGF is crystallised, as in the case of ABC SiC, described in section 2.2.3.  This was observed to reduce 
the loss of hardness but also to reduce the increase in toughness compared with sSiC [45].   
There is debate as to whether abnormal grain growth can be increased by ‘seeding’ the material 
with -SiC.  Some studies have demonstrated this effect [54], while others observe that overall grain 
growth is not changed by seeding [60].  It may be that after longer sintering times, grain growth in a 
material without seeds will approximately equal a material with seeds with a difference in grain 
growth observed only at shorter times.  A study using a mix of - and -SiC in varying ratios 
demonstrated a curve for grain size with increasing  content [61].  Initially, grain size was observed 
to increase with addition, until a maximum was reached at 10 wt %, before decreasing again.  
Seeding has also been used in -SiC.  A seeding effect has also been observed with a bimodal -SiC 
starting powder; the coarse SiC was believed to act as a seed for the fine, increasing observed grain 
growth [62].  In general it seems that a seeding of -SiC in -SiC will tend to favour grain growth.  
However, the particle size distribution of the powder also affects grain growth and morphology.  It 
was observed that with SiC particle sizes ranging from 0.4 to 0.7 m, smaller SiC tended to give   
grain growth, while coarser SiC tended to give coarser, more isotropic grains.  It was suggested that 
this was due to the critical curvature for the 2D nucleation required for high aspect ratio grains was 
approximately 0.5 m [63].  
More generally, it is suggested that different processes control different grain growth mechanisms.  
It has been suggested that more equiaxed grain growth is diffusion controlled [64].  In a study which 
supports this, SiC showed reduced low aspect ratio grain growth with larger vol % addition of liquid 
phase [65], which would increase the mean length of the diffusion pathway.  On the other hand, it 
has been suggested interface reactions are the limiting factor for abnormal grain growth in LPS SiC 
[66].  This has been shown to be independent of the amount of additive present [67], therefore 
                                                          
7 Microstructural Evolution in Liquid-Phase-Sintered SiC: Part I, Effect of Starting Powder. Copyright © 2004 
John Wiley and Sons. 
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independent of diffusion pathway length.  A 2D nucleation model, dependent on the interfaces of 
the SiC crystals, has been suggested for this process [63].  Which of these two processes is favoured 
presumably depends on the local composition and complexions at the grain boundaries, as well as 
the viscosity and volume of any liquid phase.  Altering the local complexions may therefore allow for 
dramatic variation in grain size distribution with minimal changes to other material parameters. 
Like grainsize distribution, the polytype composition of both -SiC and -SiC can change during 
sintering.  This implies that there may be a link between grain morphology and polytype evolution.  
There is a well-known transition from 3C to 4H during LPS [27,55,56,68], under conditions which also 
cause abnormal grain growth.  This link has been further demonstrated by a study in which -SiC was 
treated such that surface defects, which can act as heterogeneous nucleation sites for -SiC 
including the 4H polytype, were eliminated.  This reduced both grain growth and polytype 
transformation [69].  Furthermore, when an N atmosphere was used to increase liquid phase 
viscosity and so reduce grain growth, the tendency to undergo polytype transformation was also 
reduced, as shown in fig. 2.8 [70].  
8 
Fig. 2.8: Plot showing both grain aspect ratio and the amount of -SiC polytype formed from LPS of 
-SiC as a function of sintering temperature, under two different gas atmospheres [70]. 
In -SiC, it has also been observed that in LPS SiC with ABC the 6H polytype tends to transform to 4H 
when abnormal grain growth occurs [34,71,72]. Furthermore, in a related study, increased 
transformation from 6H to 4H was observed with increased sintering temperature for LPS -SiC [73].  
However, LPS seems to produce a smaller effect on polytype transformation in -SiC than in -SiC 
[29].  This may result from the greater thermal stability of 6H SiC compared with 3C.  Poyltype 
transformation in ABC SiC can also be affected by the ABC composition.  In -SiC, transformation to 
4H is favoured by increasing Al in the ABC phase, while transformation to 6H is favoured by 
increasing B [74].  In -SiC, transformation from 6H to 4H is favoured by Al [75].  The shift in 
preferred polytype may result from a shift in the grain boundary complexion formed by the liquid 
phase during sintering 
                                                          
8 Microstructural Evolution in Liquid-Phase-Sintered SiC: Part III, Effect of Nitrogen-Gas Sintering Atmosphere. 
Copyright © 2004 John Wiley and Sons. 
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While most observed polytype transformations described above are linked to grain growth, it has 
been demonstrated that with a rapid heating rate, a  to  transition can occur before the onset of 
grain growth [76].  With long heat treatments at a comparatively low temperature, 1920 oC, -SiC 
has been observed to undergo grain growth while retaining 6H as the bulk polytype, rather than 
transforming to 4H [77].   
An additional factor which affects polytype transformations is stacking faults.  Heat treating SiC to 
remove stacking faults reduced grain growth in -SiC [56].  It has since been suggested that stacking 
faults contribute to polytype transformation and grain growth by increasing self-diffusivity in SiC, as 
discussed in section 2.2.2.  Stacking faults are believed to consist of a pair of partial dislocations 
which can move by double-cross slip, creating further stacking faults [78].  Given that these form on 
the {111} planes, this mechanism is consistent with the 2D nucleation model proposed.  Further, 
stacking faults in SiC are relatively low energy features [79] and so are relatively easy to form.   
Overall, literature suggests that polytype transformation in SiC is linked to grain growth during LPS 
and consequentially, could be controlled by the use of an inert phase to limit the grain growth.  Most 
existing work in this area considers LPS SiC, often with a YAG or ABC phase.  Also, there does not 
seem to be a good quantitative understanding of how grain growth is affected by the presence of a 
second phase. To establish this, it is necessary to develop means of quantifying the degree of 
interaction between the phases, one aspect of which is the amount of area existing between the 
two.  This can be affected by the distribution of the second phase.   
2.2.5. Sintering of B4C 
B4C is particularly difficult to sinter because its covalent bonds give rise to very low self diffusivity 
and a high coefficient of lattice friction [80-82].  It is well understood that smaller starting powder 
size facilitates densification for a given green body density, since there will be more particle-particle 
contacts and higher particle curvature.  Given the low self diffusivity in B4C only finer powders with 
higher specific surface area are able to densify [83].  As a result of this, PAD techniques are 
commonly used in the densification of B4C.   
However, pressureless sintering of B4C has been considered.  As with SiC, sintering aids must be used 
to achieve sufficient % TD and C is a common addition.  When added to B4C, C is again believed to 
block mass transport processes which do not favour densification as reduced grain growth is 
observed along with increased desnification [83].  Fig. 2.9 shows a summary of the % TD achieved in 
pressureless sintered B4C in different studies, both with and without C addition. 
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Fig. 2.9: Plot showing % TD in pressureless sintered B4C as a function of sintering temperature, data 
from: [80,83-85]. 
Fig. 2.9 shows a clear increase in the % TD achieved when C is added, suggesting it is acting as an 
effective sintering aid.  It has been observed that with C in B4C, grain boundary diffusion is the 
predominant densification process, while a mix of grain boundary and bulk diffusion operate without 
it [86].  As with SiC, it is vital to solid-state sintering of B4C; with no C, coarsening and poor 
densification were observed after pressureless sintering at 2300 oC [87] and only 93 % TD was 
achieved after sintering at 2375 oC [85], while with C present 95 % TD was achieved at 2150 oC [83] 
and 98 % TD has been achieved at 2250 oC [84].  In the final study listed, C was found to produce 
three distinct sintering regimes.   Appreciable densification was found to commence at 1800 oC, 
which this study attributed to the volatilisation of B2O3 oxide coatings.  From 2010 oC to 2140 oC, 
densification was found to continue but at a reduced rate.  This was attributed to volatilization of 
the B4C and mass loss, though others have suggested that this may be a result of a shift from grain 
boundary to surface diffusion [88].  This could itself result from the formation of a vapour phase.  
Above 2140 oC, a B4C-C liquid was believed to form, demonstrating that C has multiple effects in B4C.  
Using 18 wt % phenolic resin, likely to yield approximately 10 wt % C, B4C has subsequently been 
pressureless sintered at temperatures ranging from 1960 oC to 2160 oC [89].  This work re-enforces 
the possible change in sintering mechanism over this range, since over the temperature range, the 
mean grain size exhibited in the sintered body increased by an order of magnitude, suggesting a 
dramatic increase in mass transport and a possible pathway change.  
Other sintering aids in both materials are typically metals or their oxides.  Examples in B4C include 
TiC [81] and TiB2 [82], and various Al additions [90].  When pure Al is added to B4C during 
pressureless sintering, Al3BC and AlB2 have both been observed to form, and 97 % TD can be attained 
[91].  However, when B4C was hot pressed with Al and TiO2, no such residual Al phase was observed 
[92], though it was still thought to contribute to densification.  An AlN-Y2O3 mixture has also been 
used in pressureless sintering of B4C [93], where a YAG phase is formed.  One alternative to direct 
addition of metallic Al that has been tested in B4C is to use a sintering atmosphere containing 
gaseous Al species.  B4C pressureless sintered in an environment containing gaseous Al and Si has 
been shown to form Al4C3 and also to achieve 97.4 % TD [94].   
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Though they appear to benefit densification in B4C, Al and AlN are both expensive and difficult to 
process.  Therefore, Al2O3 is a potentially desirable Al source.   B4C does not always a react with Al2O3 
when they are sintered together; the two phases have been observed to remain in equilibrium with 
each other up to 1850 oC [51].   B4C has been used to re-enforce Al2O3 when added as coarse 
whiskers [52].  However, at temperatures required for pressureless sintering of B4C, the two phases 
react, and a number of phases may be formed.  After pressureless sintering of B4C with Al2O3 at 
2150 oC, AlB12C2 was observed [95].  This phase has also been observed after the reaction of Al, B2O3 
and C [96].  This is different from the reaction of B4C with pure Al.  A reaction was also observed in a 
composite produced by HP; in a B4C – 5 vol % Al2O3 material produced at 2000 oC in Ar, the  Al2O3 
was completely consumed, and full densification was achieved.[97].   
Other possible sintering aids include Fe [98], ZrO2 [99] and ZrO2 with 3 wt % Y2O3 addition [100].  In 
addition to metal oxides, which typically form metal borides in situ, metal borides can be added 
directly.  An example with ZrO2 is shown in fig. 2.10.  Examples of second phases that have been 
used to give a include W2B5 [101], CrB2 [102], TiB2and ZrB2 [103].  Second phase addition of this type 
can limit grain growth, aiding densification in B4C. 
9 
Fig 2.10: SEM images of B4C materials with varying amounts of ZrO2 additive [104]. 
B4C is typically even more brittle than sSiC.  Therefore, there has been interest in production of 
pressureless sintered grades which show improved toughness.  The primary means of toughening 
B4C which has been tested is to disperse a metal boride secondary phase, as discussed in SiC in 
section 2.2.2.  Most metal compounds previously listed, both oxides reacting in situ and borides 
added directly, may function in this way.  However, under pressureless sintering conditions, B4C 
                                                          
9 Reprinted from Journal of the American Ceramic Society, 34, C. Subramanian,T.K. Roy,T.S.R.Ch. Murthy,P. 
Sengupta,G.B. Kale,M.V. Krishnaiah,A.K. Suri, Effect of zirconia addition on pressureless sintering of boron 
carbide, 1543-1549., Copyright (2008), with permission from Elsevier. 
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which includes these phases is typically not as hard as B4C of equivalent % TD without additives 
[105].  This suggests that additive systems for B4C must be carefully considered; a B4C–metal boride 
composite may well display the same hardness, toughness and density as a SiC grade, but at a far 
higher cost, rendering it impractical.  The toughening mechanism which operates in B4C containing a 
metal boride is believed to be the formation of micro cracks around the second phase particles.  This 
is due to the difference in coefficient of thermal expansion [106].  Analysis of cracks in B4C-ZrB2 
composites appeared to demonstrate the crack deflection by the second phase; micrographs 
showed mixed mode failure [103]. 
 
2.2.6. Conclusions 
In general, there is reasonable understanding of the pressureless sintering of both SiC and B4C.  The 
sintering of these materials has several points in common.  In both materials: 
 Pressureless sintering above 2000 oC is generally necessary to achieve high % TD.   
 Microstructure may vary dramatically with changes in temperature, e.g. above 2010 oC 
activation of vapour phase sintering B4C or the switch from monomodal to discontinuous 
growth in SiC.   
 Control of microstructure including second phases and also of grain size and distribution can 
also control properties such as hardness and toughness.   
 C is the single most effective sintering aid. 
In addition to these points, there is a qualitative understanding that creating interfacial area 
between SiC and a second phase may limit grain growth.  Further, it also appears that reduced grain 
growth may have the effect of reducing polytype transformation.  While C is needed for sintering 
SiC, B is also needed.  However, in a composite with B4C, sufficient B should be available. 
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2.3. PRODUCTION OF SiC-B4C COMPOSITES 
2.3.1. Introduction 
Section 2.2 has shown that there is a reasonably good understanding of the production of both SiC 
and B4C by pressureless sintering.  Pressureless sintering of composites has also been undertaken.  
This section attempts to understand current work and identify areas of interest for composite 
armour production.  Section 2.3.2 considers pressureless sintering of composites where the two 
phases are in equilibrium.  Section 2.3.3 discusses the SiC-B4C pseudo-binary eutectic system, since 
this has the potential to produce novel homogeneous microstructures, regardless of the dispersion 
of the starting powders.  Section 2.3.4 summarises which materials have been made and also areas 
which have not yet been fully investigated. 
2.3.2. Sintering of SiC-B4C composites 
As discussed in section 2.2, SiC and B4C can both be used as sintering aids for the other material but 
there has not been extensive work on the sintering of composites of the two.  B4C is often added to 
SiC as a B source, but only ~ 1 wt %.  B4C-SiC composites are typically formed by reactive infiltration 
of Si into B4C pre-forms [107].  These have little porosity but do have residual Si, though this can be 
reduced by reducing porosity in the pre-form, thereby bringing more Si into contact with B4C [108].  
It is also worth noting that several metal oxides are beneficial to densification in both materials 
[97,99].  However, reaction bonding of this type typically produces lower performance materials 
than comparable sintered materials [109,110]. 
SiC-B4C composites have also been formed by PAD techniques.  In a study using HP, [111] both 70 
and 30 wt % B4C composites were sintered to 98 % TD.  Each was a dispersion of the minor phase in 
a matrix of the other, rather than a duplex microstructure.  Al2O3 was added as a sintering aid.  HP 
has also been used to fabricate B4C/(B4C-30 wt % SiC) laminates [112].  As SPS gives even more rapid 
densification than conventional HP, it has been used to produce fully dense B4C – 15 wt % SiC 
composites.  These showed higher toughness than B4C due to mixed mode failure [113].  Composites 
with Y2O3 addition have also been produced by SPS, achieving 98.8 % TD after SPS at 1750 oC and 40 
MPa [114].  While these results demonstrate the viability of producing dense SiC-B4C composites, 
since PAD was used they do not suggest approaches that are necessarily suitable for pressureless 
sintering.   
In spite of this, pressureless LPS of these composites has been undertaken.  A process has been 
patented in which SiC and between 60 and 98 wt % B4C, with up to 10 wt % Al and a C source, are 
liquid milled, cold pressed and pressureless sintered [115].  This achieved 94 % TD, which may be too 
low for good ballistic performance.  Another attempt at pressureless LPS across a range of 
compositions, from 50 to 90 wt % B4C, experimented with the effect of 10 wt % addition of AlN-Y2O3 
or Al2O3-Y2O3 to allow LPS [116].  Examples are shown in fig. 2.11.  
In this study it was observed that the % TD achieved increased as wt % B4C increased past 50 %.  This 
is unexpected given the greater difficulty of pressureless sintering B4C than SiC.  This may be a result 
of the amount of SiC-B4C interfacial area reducing.  These effects are discussed further in chapter 4.  
In these compositions, as for the patented material, maximum sample density achieved was ~ 94 % 
TD.  This has been reproduced elsewhere [93].  Both of these studies used a sintering temperature of 
2000 oC for 30 minutes.  A fully dense composite sintered with a B4C matrix and 15 or 30 wt % SiC, 
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using 10 wt % Al2O3 as an additive has been reported, though this required sintering at 2170 oC 
[117]. 
10 
Fig. 2.11: SEM micrographs of fracture surfaces of SiC-B4C composites with a) 10, b) 30 and c) 
50 wt % SiC [116]. 
Solid-state sintering has also been used to produce SiC-B4C composites.  In an early study on 
pressureless sintering of these materials, 5 wt % SiC formed from a polymer precursor was added to 
a B4C matrix to limit grain growth and increase toughness.  However, the resulting material reached 
only 92 % TD and the SiC did not appear to toughen the material [118].  In another example, a SiC – 
35 wt % B4C composite sintered at 2150 oC for 75 minutes, with 3 wt % C, has been claimed to reach 
99 % TD [119].  An example microstructure of this material is shown in fig. 2.12.  The SiC and B4C 
powders were both fine and well intermixed.  This demonstrates the importance both of C additives 
to sintering of these composites and a high enough temperature to overcome the low self diffusivity.  
Most recently, a range of these composites has been pressureless sintered using Starck UF-15 SiC, 
Starck HS B4C, with particle size approximately 0.7 m and a C source to 98 % TD [120]. 
11 
Fig. 2.12: SEM image showing a SiC-35 wt % B4C composite sintered to 99 % TD [119]. 
It has been suggested that any fabrication route which uses mechanical mixing to prepare the 
powder blend will leave regions enriched in one phase or another and that a better, potentially 
                                                          
10 Pressureless Sintering of B4C-SiC Composites for Armor Applications. Copyright © 2010 John Wiley and Sons. 
11 Springer and the Journal of Electronic Materials, 39, 2010, 1809-1813, Preparation and Thermoelectric 
Characterization of SiC-B4C Composites, Lankau, V., figure 1, original copyright notice) is given to the 
publication in which the material was originally published Copyright © 2010 Springer, by adding; with kind 
permission from Springer Science and Business Media. 
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nano-scale inter-dispersion could be achieved by mixing suitable aqueous precursors [121].  This 
requires carbothermal reduction synthesis after precursor breakdown.  This been accomplished by 
hot pressing a SiO2, B2O3 and C mix, though it only attained 93 % TD [122].  
In summary pressureless sintering of composites seems to be possible with 1 m powders, C as a 
sintering aid, and temperatures in excess of 2150 oC.  Additionally work on solid state sintered 
composites has focused on fine, homogeneously mixed powders.  While these are likely to limit grain 
growth and avoid large irregular features, this means that a greater range of microstructures could 
potentially be formed. 
2.3.3. SiC-B4C composites in the eutectic system 
All the examples in the previous section have considered composites where SiC and B4C exist in 
equilibrium.  It is known that the SiC-B4C-C system also includes a eutectic point [12].  This has the 
potential to form classic eutectic intergrowth, as shown in fig. 2.13.   
12 
Fig. 2.13: BS SEM micrograph showing SiC-B4C eutectic intergrowth parallel (left) and perpendicular 
(right) to growth direction [11]. 
Though it seems unlikely that a Si-B-C liquid is responsible for grain growth in sSiC, the formation of 
a eutectic liquid may be important in composites in the present study. 
Different values have been reported for the eutectic composition and melting point.  The estimated 
eutectic composition ranges from 76 wt % B4C [12] to 55 wt % B4C [123]; other compositions within 
this range have been suggested [124,125].  The estimated temperature of the eutectic point in these 
studies ranges from 2250 oC to 2300 oC.  The uncertainty in temperature is probably due in part to 
differences in measurement technique or differently calibrated instruments.  The uncertainty in 
composition may result from varying C levels moving the composition off the SiC-B4C pseudo-binary 
line into a SiC-B4C-C system.  This effect has been noted for studies in which the eutectic was 
produced in graphite crucibles by arc melting [11].  
It appears to be possible to tailor the intergrowth.  Where B4C-SiC eutectics have been produced by 
a floating zone method [11], the draw rate of the sample alters the lamellae width in the 
intergrowth, with a faster draw giving a finer structure.  This suggests that the cooling rate of 
                                                          
12 Copyright © 2002 The Japan Institute of Metals and Materials 
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samples heated to a temperature at which the eutectic forms can be used to tailor the 
microstructure of the sintered body. 
Another factor to consider at these temperatures is the production of vapour phases.  This is not 
significant with a high heating rate, such as in arc melting, and low vapour pressure because there is 
then little time for mass loss.  However, with sustained heating to the required temperature during 
pressureless sintering, the composition of the remaining material may be changed.  As stated in 
section 2.2, there may be some volatilisation of B4C above 2010 oC, forming BO and CO [84].  There is 
also an appreciable vapour pressure of B4C itself above 2100 oC [126].  Therefore, the relative 
amount of B4C in a mixture may be reduced.  This suggests that an excess of B4C could be added so 
that as B4C loss occurs, the composition of the material shifts towards the eutectic point.  SiC will 
also undergo some evaporation at temperatures above the eutectic temperature.  It displays non 
congruent evaporation, forming a surface layer of C [127].  This may increase C content in the 
mixture.   
In summary, there is still uncertainty where the SiC-B4C eutectic point will be observed.  This 
uncertainty is compounded by the difficulty in reaching the eutectic point without modifying the 
composition.  Gas evolution also plays an important role, since this can affect the precise 
composition of these materials.  While eutectic intergrowth can be used to produce fine, 
homogeneous microstructures, reliable production has not yet been achieved under pressureless 
sintering conditions.  When producing larger parts, control of the thermal gradient during 
solidification may prove difficult. 
2.3.4. Conclusions 
Key conclusions from this section are as follows: 
 Pressureless sintering of composites across a range of compositions to 98 % TD has been 
achieved. 
 LPS additives have been tested in the composite system.  Solid state sintering using C 
appears to be more effective. 
 Material with equal volumes of SiC and B4C seems to be harder to densify than material with 
either component as a matrix phase. 
 It is possible to produce fine, homogeneous intergrowth between SiC and B4C, though this 
has been accomplished primarily for small samples. 
 In all studies, powders used have been of similar size and fine.  Various studies   have also 
sought complete inter-dispersion of the two phases.   
It should be noted that while a range of composites has been pressureless sintered, only a limited 
range of microstructures have yet to be produced.  For example, neither powder size ratios nor 
varying second phase distributions have been compared.  The potential for grain growth to be 
restricted in both SiC and B4C has also been noted, though not controlled. 
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2.4. LINKS BETWEEN MICROSTRUCTURE AND BALLISTIC PERFORMANCE  
2.4.1. Introduction 
Sections 2.2 and 2.3 have discussed aspects of microstructural control and densification in SiC, B4C 
and their composites.  This section attempts to identify microstructure-ballistic performance 
relationships which are both currently known and which may exist, to enable identification of 
microstructures which may generate useful ballistic data and, ultimately, better materials.  
In order to assess links between microstructure and ballistic performance, representative methods 
must be used to determine ballistic performance.  Two such methods are outlined in section 2.4.2.  
Section 2.4.3 discusses the role of microstructural defects during ballistic events, since these will 
affect failure of the material.  Section 2.4.4 considers how quasi static properties may be related to 
ballistic performance, as these properties are easier to measure and hence their dependence on 
microstructure is better understood.  Since ballistic impact causes distinct processes to operate in 
the ceramic as a whole, section 2.4.5 reviews understanding of these.  Based on these separate 
aspects, section 2.4.6 attempts to summarise potentially significant microstructural features. 
2.4.2. Means of assessing ballistic performance  
To assess ballistic performance, two commonly employed methodologies are V50 and depth of 
penetration (DOP) testing.  DOP tests are conducted by shooting a number of ceramic material 
sample plates in front of semi-infinite blocks of ductile backing material, such as polycarbonate or Al.   
Projectile velocity is constant and selected to be sufficient to cleanly penetrate the ceramic.  The 
penetration depth into the backing is measured in each case.  A number of tile thicknesses can be 
used, to produce a behaviour curve for the material.   However, while this test ranks materials, it 
does not represent a real armour system, with a thin backing plate of a long fibre composite, which 
is much stiffer than typical backing used for DOP tests.  In contrast, in the V50 method the ceramic to 
be tested is first integrated into a more realistic armour system with a thin layer of stiffer backing 
material.  V50 tests use a range of projectile velocities.  Due to the scatter in strength exhibited by 
ceramics, some projectiles will penetrate despite moving with lower velocity than some which do 
not, creating an overlap range.  The V50 value can be calculated from these data.  It is defined as the 
velocity at which a projectile has a 50 % chance of penetration [128].  
2.4.3. The role of defects 
One aspect of ballistic events which makes emulating them difficult and which may determine 
material performance is that they interrogate large volumes of material compared with most quasi-
static tests.  Therefore, it has been suggested that materials with a few large defects, termed 
anomalous defects [129], will show lower performance than would be predicted from quasi-static 
measurements [130].  This is because the quasi static measurements do not interrogate the 
‘anomalous’ defects.  C inclusions in SiC were suggested as such a defect.  Isolated large pores from 
hard agglomerates may also be an example [109].  An example of defects of this type is shown in 
fig. 2.14.   
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Fig 2.14: SEM image showing a fracture surface of SiC containing a C-rich defect [129]. 
In an example of the role of larger pores, fumed SiO2 was used to generate pores in cement, of an 
order of magnitude larger than pores generally present in the material, as shown in fig. 2.15.  
Increasing the amount of these abnormal pores was found to reduce ballistic performance [131], 
though addition of these pores also reduced overall density by approximately 5 %.  If the size of 
pores, rather than total pore volume was significant, this may be exploited in SiC, in which pore 
architecture has been controlled using LPS with AlN [66].  As the volume fraction of liquid phase 
increased, the liquid tended to fill larger pores, decreasing the mean pore size.  It has been observed 
that above a certain level the absolute % TD becomes less important to ballistic performance than 
homogeneity and other features; a limit value of 99 % TD has been estimated [132]. 
                                                          
13 Anomalous Defects and Dynamic Failure of Armor Ceramics. Copyright © 2005 John Wiley and Sons. 
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Fig. 2.15: Photographs showing concrete materials with different pore size distributions [131]. 
In well mixed materials, anomalous defects which were present in the material prior to impact are 
not believed to dominate fragmentation.  Instead defects formed during initial deformation are 
believed dominate [133].  Hence, weak microstructural features which may generate these defects 
may also play an important role in ballistic performance [134].  An example of a weak 
microstructural feature is an amorphous IGF.  The purity of materials will affect whether or not these 
form, as they can influence grain boundary complexions [42].  It has been claimed that both high 
[135] and low [136] purity powders are beneficial to ballistic performance.  Due to the complex 
chemistry at grain boundaries, compositions could have widely different characteristics under 
different conditions.  In general however, IGFs are more likely to be present in LPS SiC.  A recent 
study [137] has compared LPS SiC with sSiC using the Nation Institute of Justice (NIJ) level IV test 
protocol, involving testing five plates against 30-06 Springfield M2 AP bullets at 870 ± 20 ms-1 [138].  
It was observed that at 95 % TD, only the sSiC passed this test, though both did at 97 % TD.  Other 
material properties were similar, which may suggest the presence of the IGF reduced ballistic 
performance.  Whatever the grain boundary chemistry, the grain size may affect ballistic 
performance.  In both Al2O3 and spinel, a decreasing grain size gave an increased DOP performance 
[139].  This type of ballistic test is discussed further in chapter 6. Reduced ballistic performance with 
large grains has also been observed in SiC.  SiC was toughened in situ by whisker growth, essentially 
creating a material with discontinuous grain growth, and this performed worse than a comparable 
sSiC [140].  However, this was speculated to be the result of the whisker growth generating large 
pores, suggesting that grain size may show a smaller effect than pore size. 
This section demonstrates that a range of microstructural parameters, especially defects such as 
pores, can affect ballistic performance.  However, the role of second phase inclusions remains 
unclear.  While this section may suggest that larger second phase inclusions, spaced further apart 
may lead to lower ballistic performance, this remains uncertain.  Further, the role of grain size 
distribution is also not well defined.  Finally, while there is a good general understanding of the role 
                                                          
14 Reprinted from International Journal of Impact Engineering, 35, Forquin P., Arias, A., Zaera, R., Role of 
porosity in controlling the mechanical and impact behaviours of cement-based materials, 133-146, Copyright 
(2008), with permission from Elsevier.  
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of pore architecture, the precise volume fractions of different pore sizes which can be tolerated 
without an appreciable drop in ballistic performance are not yet known. 
2.4.4. Links to quasi-static properties 
While microstructural parameters may play a role in determining ballistic performance, they also 
determine quasi-static properties.  These in turn may affect the ballistic performance of the 
materials [132]. 
One potentially important, widely discussed material property is fracture toughness.  This may be 
important because during a ballistic event, tensile cracking occurs due to the deformation of the 
backing plate and the difference in elastic impedance.  It has been suggested that high toughness SiC 
may make a good armour material [39], though this is strongly debated.  One possible effect of 
toughness observed in SiC was to increase the impact velocity required to transition from interface 
defeat of a projectile to penetration, as shown in fig. 2.16 [141].  However, in the study with in situ 
toughened SiC, discussed in section 2.4.2, the toughened material performed worse than a 
comparable sSiC [140].  This example again demonstrates that material defects do not necessarily 
affect dynamic properties in the same way as they do quasi static properties. 
15 
Fig. 2.16: Transition velocity for different SiC grades as a function of normalised hardness (left) and 
toughness (right) [141]. 
Though there is not yet a clear relationship between toughness and armour performance, there is a 
generally established relationship between material hardness and performance.  In an example 
study, it was found that Knoop hardness of different SiC grades showed correlation with their 
relative DOP performances.  However, it was observed that the DOP results did not correlate with 
the V50 results for the same materials [142].  Vickers hardness at 10 N load has also been shown to 
correlate with the Huguenot elastic limit [132], which is an important dynamic property [143].  One 
effect important both in quasi static indentation and under high strain rates is micro-plasticity, which 
has been observed in SiC materials [133].  Possible mechanisms include dislocation glide, twinning 
and stacking fault formation, phase changes etc. [144].  Other modes of damage include micro-crack 
                                                          
15 Reprinted from International Journal of Impact Engineering, 31, Lundberg P., Lundberg B., Transition 
between interface defeat and penetration for tungsten projectiles and four silicon carbide materials, 781-792, 
Copyright (2005), with permission from Elsevier. 
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formation, grain boundary sliding and finally comminution.  These processes have been observed by 
TEM [144].  Examples of these processes are represented schematically in fig. 2.17.  
16 
Fig. 2.17: Schematic drawing of damage mechanisms in SiC; a) debonds, b) void formation c) 
dislocation glide, pile up and cracking, d) twinning and e) cracking resulting from elastic anisotropy 
between adjacent grains. 
As micro-plasticity mechanisms may be important in energy absorption and as the possible 
mechanisms listed occur within individual grains, the effect of deliberate coarsening in SiC on 
hardness has been investigated [145].  This was observed to reduce hardness measured at low loads, 
but not at high loads.  After indentation, fewer cracks were observed in samples with coarser grains, 
suggesting a greater degree of micro-plasticity.  It has been suggested that micro-plasticity 
mechanisms cause deformation which generates microcracks, which eventually result in 
fragmentation [146].  This is significant because it has been suggested that the time to failure 
ceramics in armour achieve after the initial moment of impact is the only thing that differentiates 
their ballistic performance, since all of them have high enough compressive strength to defeat many 
projectiles [147].  Therefore mechanisms which give rise to excessive micro-plasticity, like graphite 
flakes between grains which may cause slip, may reduce armour performance.  On the other hand, 
plasticity is also believed to be important in energy absorption.   
One attempt to summarise the relative importance of quasi-static properties to armour performance 
is that hardness shows the potential ballistic performance of a ceramic, while toughness indicates 
                                                          
16 Reprinted from Acta Materialia, 48, Shih C.J., Meyers M.A., Nesterenko V.F., Chen S.J., Damage evolution in 
dynamic deformation of silicon carbide, 2399-2420, Copyright (2000), with permission from Elsevier. 
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the degree to which that potential can be reached [148].  This is in agreement with previously 
recorded data [130].  Whether or not toughness is important during a ballistic event, it has been 
demonstrated that high toughness can reduce internal damage resulting from low velocity impacts, 
such as being dropped [149].  This could prevent degradation in performance in the field.  A possible 
related effect is reducing spread of damage, such as radial cracks, further from a ballistic impact site, 
increasing multi hit performance.  
2.4.5. The effects of dynamic processes 
Despite the potential importance of hardness and toughness, ballistic impacts are dynamic and 
hence dynamic properties, which are distinct from quasi static properties, define the material 
behaviour.  Dwell time, comminution resistance, and dynamic cracking are all properties which 
directly affect ballistic performance.   
Dwell may be an extremely important process.  Dwell of an armour piercing round on a B4C target is 
shown in fig. 2.18.   
17 
Fig. 2.18: Flash X-ray shadowgraphs at s time increments of an AP projectile hitting a B4C target, 
including a period of dwell [150]. 
Experimental evidence from steel core rifle rounds suggests that each 1 s of dwell reduces the total 
energy of the projectile by 3 %, so that for 16 s of dwell, nearly 50 % projectile energy loss would 
be expected during the dwell period.  This figure depends on projectile hardness, projectile 
geometry and system geometry [150].  While these factors make exact calculation of this loss 
difficult, the result does demonstrate the importance of dwell.  As stated previously, it has been 
suggested that time to failure determines ballistic performance.  This may be related to dwell time, 
since during dwell damage propagates through the ceramic.   The velocity below which a ceramic 
can stop a threat completely in the dwell regime, the transition velocity [151] is often discussed.  It 
has been observed that this is higher for HP B4C than SiC [151].  This result mirrors the relative 
                                                          
17 Reprinted from International Journal of Impact Engineering, 31, Anderson C. E., Walker, J. D., An analytical 
model for dwell and interface defeat, 1119-1132, Copyright (2005), with permission from Elsevier. 
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hardness of these materials at lower loads [141].  It has been suggested that the transition velocity 
depends on both material plasticity, embodied in a parameter which shows the degree to which 
plastic deformation may occur, and hardness [152].  This suggests that an ideal material retains high 
hardness, while also facilitating plasticity mechanisms, such as twinning and phase transformations. 
During dwell and the early stages of penetration, multiple cracks are driven through material 
beneath the projectile [153] and the ceramic is pulverized, or comminuted.  An example image of 
the general form of cracking in an impacted target is shown in fig. 2.19. 
18 
Fig. 2.19: Polished section through an impacted ceramic target normal to the impact axis, with key 
failure regions indicated [154]. 
This occurs because a high strain rate impact provides a lot of energy, which must be propagated 
through the material [133].During this process, elastic anisotropy between grains can be important 
as it can give grain boundary microcracks, which can cause bulking in the material by increasing the 
local free volume, exerting compression which can delay the onset of cone cracking.  This is desirable 
because cone cracking has been reported to be detrimental to the required penetration velocity 
[148].  This may be because it is a key mechanism for reducing local confinement [155]. 
Unfortunately it is generally observed across a range of ceramics [156].  The ceramic inside the cone 
is comminuted [157] and shows a bulking effect, as it occupies a greater volume than the dense 
material.  This has been suggested to pinch a projectile forcing its way through the cone, 
contributing to erosion [158].  If this is the case, crack propagation modes which give more bulking, 
(such as a network of microcracks), would be advantageous.  The formation of a cone of 
comminuted ceramics is a possible process in which material toughness is important.  It has been 
suggest that toughness confers resistance to comminution [158].  This could be significant since if a 
ceramic is quickly and widely comminuted, dwell time could be reduced, which can reduce projectile 
energy loss.  This is believed to be because wide reaching internal damage and comminution of this 
type in the ceramic reduces internal confinement, which is essential to resistance of penetration 
[159].   
                                                          
18 Recent Results on the Fundamental Performance of a Hot-Pressed Silicon Carbide Impacted by Sub-Scale 
Long-Rod Penetrators. Copyright © 2009 John Wiley and Sons. 
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However, it has also been noted that a comminuted material does not have zero strength, since 
grains can interlock [160].  It has been suggested that the ability of long grains to interlock in a 
comminuted ceramic, thereby increasing the strength of the comminuted material, may extend 
dwell.  As a result of this the possibility of interlocking grains has been explored, with SiC grades such 
as ‘Enhanced’ Hexoloy claimed to demonstrate superior ballistic performance due to a discontinuous 
distribution of grain sizes.  However, this may be disputed; some research suggests that with a large 
range of grain sizes the time to catastrophic failure after the application of a stress is reduced [161], 
though this does not necessarily reflect ballistic performance.  It has been observed that materials 
with higher aspect ratio show improved wear resistance, due to interlocking of the grains [162]. As 
the aspect ratio increases, the effect is observed to increase [163].  Since wear generally depends on 
hardness but is also a dynamic process, this may be the result of a similar effect. 
Others have claimed that erosion is key to projectile defeat [164].  This has been observed during 
penetration of B4C by 7.62 mm AP rounds [165].  Interlocking and cohesion of comminuted material 
may also be important here.  Interlocking fragments would presumably also increase projectile 
erosion and damage during penetration, and therefore also be important in this case.  It may 
therefore be the case that whether the projectile hits above or below the transition velocity, self 
cohesion in fragments is important.  The observation that high aspect ratio, larger fragments in 
comminuted ceramics have been linked to higher dynamic coefficients of friction, though only for 
low velocity penetration [166], may support this. 
A material specific factor in ballistic performance is amorphisation.  B4C is generally regarded as 
giving excellent performance against small arms threats.  It has been demonstrated that for hot 
pressed grades it showed a higher velocity for penetration onset than SiC [151].  However, this is not 
the case at higher threat levels.  This is believed to be due to local amorphisation in the material 
[167].  The mechanism and extent of this amorphisation are debated, though it has been observed 
under dynamic indentation [168].  It has also been claimed that amorphisation occurs in bands [169] 
and gives rise to shear localisation in the B4C [170]. It has been speculated that in a SiC-B4C 
composite, a good inter-dispersion of the two phases would prevent amorphisation propagating 
through the B4C [120].  However, impact tests of SiC-B4C composites under compressive load have 
shown that SiC rich composites performed better under greater compression, while B4C composites 
performed better with lower compression [171].  This would tend to suggest that the B4C structure 
does fail under extreme conditions [171]. 
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2.4.6. Conclusions 
Overall therefore, though there has been some progress in understanding ballistic performance of 
ceramics, only a few general points can be firmly concluded: 
 Large defects, such as larger pores, may reduce ballistic performance of materials. 
 There is an uncertain relationship between both second phase distribution and grain size 
and ballistic performance. 
 Large pores seem likely to be detrimental to ballistic performance, but understanding of 
tolerable amounts of porosity is not yet complete. 
 Weak microstructural features such as IGF’s may also reduce ballistic performance.   
 Microplasticity and microfracture may both be important material characteristics. 
 The ability of a microstructure to retain cohesion after impact may increase dwell. 
 Both Knoop and Vickers hardness can be related to some aspects of ballistic performance, 
though they cannot definitively rank materials. 
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2.5. CONCLUSIONS 
From section 2.3, it appears that only a limited range of SiC-B4C microstructures have been 
produced.  In order to understand any links between microstructure and performance, 
microstructural evolution in composites must first be controlled such that different parameters can 
be varied with as many other parameters as possible constant.  Materials already produced suggest 
that it should be possible to achieve a range of composite materials to investigate microstructure-
performance links. 
This is required because there is currently no definite understanding linking microstructure to 
ballistic performance in composites.  As a result project objectives cannot be met by attempting to 
achieve any single microstructure.  Possible materials can be reduced since it appears that an 
amorphous IGF would be damaging to performance.  As a result, this work will focus on solid state 
sintered materials, avoiding LPS.  Homogeneity is also currently considered important, since 
inhomogeneous composites are more likely to have large defects.  Most successfully produced SiC-
B4C composites have been homogeneous.  However, controlled inhomogeneity would allow the 
importance of defects to be better assessed.  Sources of controlled inhomogeneity include second 
phase distribution and also potentially grain growth, especially anomalous grain growth in SiC.  
While the effect of this on SiC properties has been investigated, only a limited range of 
microstructures has been tested, and there are additional interactions of rod like SiC grains possible 
in a composite material. 
While controlled inhomogeneity may be of interest, there are other potential anomalous defects 
that must be considered.  For example, solid state sintered materials will use C as a sintering aid.  
Excess C may give rise to graphite inclusions, potentially also acting as defects. 
Additionally, it seems likely that material pore architecture is highly important to ballistic 
performance.  Current work in composites has focused on achieving low total porosity.  To further 
develop understanding, both amount and size should be considered.   For example, it would be 
relatively simple to produce materials with the same total pore vol %, but different pore size 
distributions, by over and under- firing materials; studies of this kind have not been undertaken.  It 
also appears that a certain amount of porosity is tolerable without change in ballistic performance 
from a fully dense sample, but the precise level is not yet understood.  Given the difficulty in 
achieving full densification in these composites, defining the level of tolerable porosity may enable 
consideration of a broader range of materials for armour.  This may allow lower cost processing, e.g. 
the use of coarser powders or lower sintering temperatures.  
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3. GENERAL EXPERIMENTAL METHODOLOGY  
3.1. INTRODUCTION 
As described in chapter 1, the focus of this investigation has been to produce viable SiC-B4C armour 
materials and also to understand links between microstructure and ballistic performance.  To 
produce these materials, it has been necessary to consider every stage in the production of a typical 
engineering ceramic.  These processes have been designed to enable the required microstructural 
control.  To understand and quantify the microstructures, which contain multiple phases, a range of 
characterisation techniques have been employed.  This chapter therefore outlines the methodology 
adopted for each of the processing stages and characterisation techniques which were used across 
the project.  The methodology specific to particular investigations is given in the appropriate 
chapters.  The matrices of materials produced for each investigation are also presented in the 
relevant chapters. 
In the remainder of this chapter, methodology for sample fabrication is described in section 3.2.  
This includes raw materials used, preparation of powder blends, formation of green bodies from 
these blends and sintering treatments used.  Characterisation and analysis techniques are outlined 
in section 3.3.  These include metallographic sample preparation techniques optimised for these 
composites techniques such as basic physical measurements, reflected light microscopy and 
scanning electron microscopy (SEM).  Analysis methods include measurement of grain size and the 
determination of the polytype composition of SiC. 
It should be noted that this investigation was carried out in an industrial environment and across 
different sites.  As a result of this, aspects of processing were changed during the investigation.  In 
these cases, wherever possible equivalency between different processes was demonstrated to 
ensure direct comparison is valid.  Where this was not possible, materials have been compared only 
with other materials produced in the same way.  Further, some process details are commercially 
sensitive and so details are stored with Morgan Advanced Materials. 
3.2. SAMPLE FABRICATION 
3.2.1. Materials 
Unless otherwise specified, all materials were prepared using a commercial silicon carbide powder, 
which was supplied unmodified.  This powder is reported to show specific surface area of 15 m2 g-1 
less than 1 wt % total O and less than 1.5 wt % free C.  The d50 was determined as 1.0 ± 0.2 m using 
a Mastersizer 3000 (Malvern instruments, UK).  Principal impurities according to the datasheet 
supplied by the manufacturer are given in table 3.1. 
Table 3.1: Summary of major impurity elements in silicon carbide powder according to 
manufacturer’s data sheet. 
Element O Al Fe Ca 
Max wt % 0.85 0.3 0.05 0.02 
 
Three different grades of B4C were used.  The finest grade used was a commercial B4C, with d50 of 
1m and relatively broad particle size distribution.  Two coarse grades were used, with d50 
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approximately 7 m and 70 m.  Both grades were research purity, > 99 wt % B4C.  Oxygen contents 
of all three powders were determined by LECO analysis (AMG Analytical, UK) and found to be 
0.92 wt %, 0.16 wt % and 0.04 wt % for the 1m, 7 m and 70 m powders respectively. 
3.2.2. Powder blend preparation and green body formation 
To produce material feedstock, starting powders and binders were mixed in a slip.  To produce the 
slip, SiC and B4C powders in the correct mass ratio were dispersed in reverse osmosis (RO) water 
with an industrial dispersant and a C source.   Slips were sufficiently agitated to achieve powder 
dispersion and inter-mixing.  After the initial processing, a fugitive binder system was mixed into the 
slip by mechanical stirring.  The binder system was added after powder dispersion to prevent 
damage to the polymer chains by the dispersion method.  All powders and other additives were 
weighed using a Mettler Toledo balance, to ± 0.001 g.  Slips were then freeze dried and granulated 
by passing through a 335 m mesh.     
Materials were also produced by mixing granules of both SiC and B4C which had been prepared 
separately as slips as described above.  These granules were sieved down to < 125 m.  These 
granules were then intermixed by tumbling in a polyethylene jar for 30 minutes.  This produced 
materials with agglomerate features of known size.  This allowed comparison with materials 
produced with equal volumes of coarse B4C and also of fine B4C well dispersed. 
All powders were formed into green bodies by uniaxial pressing carried out at 224 ± 4 MPa.  Green 
body density was calculated from the mass and physical dimensions of each part.  Samples were 
pressed either as discs 20 mm in diameter by 5 mm thick or as tiles approximately 50 mm in length 
and width by 10 mm thick.  Matchstick specimens were also produced, at 60 mm in length, 6 mm in 
width and approximately 7 mm in height. 
3.2.3. Sample sintering 
Prior to sintering, a separate heat treatment was carried out to remove the binder system and 
reduce the C source.  Heat treatment was carried out at 500 oC in an inert atmosphere.  The C source 
used gave a 40 % mass yield after this heat treatment, verified by thermal analysis, assumed to be 
predominantly C.  Thus, the free C in B4C is unlikely to have a strong effect below approximately 
60 wt % B4C as the free C level in the material will be increased by less than 20 % as a result of this.   
Sintering was carried out in a graphite resistance type furnace under vacuum during initial heating 
up to a temperature of 1650 oC and thereafter using an Ar atmosphere at 0.2 Psi above atmospheric 
pressure.  The furnace used was of a static atmosphere type, with minimal flow of gas.  Samples 
were placed in graphite sintering trays with graphite tape covering both the top and bottom surfaces 
and graphite lids.  Sample heating rate was 10 oC min-1 up to a temperature 25 oC below the 
maximum, then 5 oC min-1 was used to reach the top temperature.   A soak of 60 minutes was used 
for all top temperatures.  Cooling rate was 12 oC min-1 down to 1200 oC after which furnace cooling 
was used. 
3.3. CHARACTERISATION AND ANALYSIS TECHNIQUES  
3.3.1. Physical characterisation techniques  
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Fired sample densities were calculated using a Mettler Toledo Archimedes type balance using 
distilled H2O as the fluid, error ± 0.005 g cm-3.  TD for each material was calculated using a rule of 
mixtures, with densities for SiC and B4C taken to be 3.20 g cm-3 and 2.52 g cm-3 respectively and % TD 
was calculated from these two values.  Open porosity was also measured by boiling samples in the 
distilled H2O prior to determining the submerged mass of the part according to the Archimedes 
method.  After this, the sample surfaces were brushed free of moisture using a damp cloth and the 
parts re-weighed unsubmerged.  This damp mass was then used in combination with the submerged 
and dry masses to calculate open porosity according to equation 3.1.  This was found to be <0.1 for 
materials tested. 
 
% 𝑂𝑝𝑒𝑛 𝑝𝑜𝑟𝑜𝑠𝑖𝑡𝑦 =
(𝑀𝑎𝑠𝑠 𝑑𝑟𝑦) − (𝑀𝑎𝑠𝑠 𝑑𝑎𝑚𝑝)
(𝑀𝑎𝑠𝑠 𝑑𝑟𝑦) − (𝑀𝑎𝑠𝑠 𝑠𝑢𝑏𝑚𝑒𝑟𝑔𝑒𝑑)
 
3.1 
 
Knoop hardness, 𝐻𝐾, was determined using a Leitz Miniload F301, on polished samples.  Three 
applied loads were used; 2 N, 5N and 10 N.  Six viable indents were made at each load on each 
sample.  The tests were carried out and the viability of indents assessed according to ASTM E384 [1].  
Indent lengths were measured optically using a micrometer type graticule and from these 𝐻𝐾 was 
calculated according to equation 3.2. 
 
𝐻𝐾(𝑃𝑎) =
14.01 ∗ 𝐹
𝑑2
 
3.2 
In equation 3.2, d is the length of the major diagonal of the indent in m and F is the applied force in 
N. 
Fracture toughness testing was conducted on the matchstick specimens, produced as described in 
section 3.2.2.  These had sintered dimensions of approximately 50 mm in length, 5 mm in width and 
6 mm in height.  These were notched, with the depth of the notch in the direction of uniaxial 
pressing.  Notches were made to be approximately 1 mm deep, using razor blades coated with 3 m 
diamond paste to form a sharp crack tip.  A new razor blade as used to notch each sample to ensure 
tip sharpness and consistency.  Testing was carried out on a Zwick/Roell Z005 bending/fracture rig in 
a 3 point geometry.  Notch depth was then measured on fractured specimens using a Mondal 
Multisensor Optima confocal light microscope.  Fracture toughness, K1C, was calculated from these 
data according to equation 3.3: 
 
𝐾1𝐶 =
3 ∗ 𝐵 ∗ 𝑙
2 ∗ 𝑤 ∗ ℎ2
∗ √𝑎 
3.3 
where B is the maximum applied force in Newtons measured by the apparatus during the test, l is 
the distance between the two specimen rests in mm, a is the notch depth in mm and w and h are 
the dimensions of the bar in mm normal to and with the direction of fracture respectively.   Six 
samples per material were measured in this way.  This test as described was carried out in 
accordance with the single-edge vee-notched beam (SEVNB) fracture toughness method according 
to CEN TS14425-5 as used in previous round robin studies [2].  It should be noted that equation 3.3 
includes a geometric constant which is assumed to be 2. 
Commented [TW1]: Check 
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3.3.2. Specimen preparation for microscopic examination 
Samples for microscopy were taken both in plane and perpendicular to the plane of uniaxial 
pressing.   In plane samples were first ground down to remove sintering skin.  All samples were 
prepared for microscopic examination by metallographic polishing.  This was carried out using a 
Kemet Forcipol polishing at 12 N load per sample with top and bottom plates rotating clockwise.  
Resin bonded fixed diamond pads of 76 m and 30 m were first used, then lapping plates with 
diamond slurry of 9 m and 3 m.  A final chemical polishing step was applied using 0.04 m 
colloidal silica.  Etching of polished samples was carried out by first thermally etching samples at 850 
oC in air for 30 minutes, then boiling samples in Murakami reagent for between 40 and 60 minutes.  
The initial thermal etch seemed to activate the sample surface, such that the etched face showed 
more contrast.  Solution concentration was kept approximately constant using RO water; the 
solution was not allowed to boil down to the point of precipitation.  For SEM examination, samples 
were sputter coated with 4 nm Au. 
3.3.3. Material characterisation techniques 
Reflected light microscopy was carried out using a Buehler instrument.  SEM analysis was carried out 
on a Hitatchi S 3200N and on a JEOL 6000 desktop SEM.  Both had capability for secondary electron 
imaging (SE SEM) and back scattered electron imaging (BS SEM), as well as an Oxford instruments X-
ray detector.  Energy dispersive X-ray spectroscopy (EDX) line analyses were used across sample 
regions of interest to identify elemental variation between different regions.  Images were taken at a 
working distance of 15 mm and accelerating voltage of 20 kV and at 19 mm using 10 kV on the 
Hitatchi and Jeol instruments respectively. 
XRD was carried out on a Hitachi Gen 3 model with a monochromater, using Cu K radiation.  
Generator settings were 35 kV and 40 mA.  Analysis was carried out on samples which had been 
polished as for microscopy, but not etched.  All samples were scanned in the 2  range 5-120 o.  XRD 
data were used for Rietveld refinement.  In order to produce data of sufficient quality for this, 
samples were scanned using a 0.004 o 2  step and a 1 s dwell.  Rietveld refinement was carried out 
using XRD data GENLES software.  Data for the different phases present were taken from the 
International Crystal Structures Database [3], [4], [5].  Initial refinement suggested that the 6H and 
4H polytypes predominated in the material, and so the refinement was carried out with only these 
polytypes present.  The parameters refined were: background, cell parameters, atom position, peak 
shape, 0 position and thermal parameters.  The positions of the atoms in SiC in the z direction were 
fixed, since these give the spacing of the close packed planes which is constant for the different SiC 
polytypes and therefore provides a key diagnostic peak.  Reduced χ2 values for refinement data were 
below 20. 
3.3.4. Grain size analysis 
All image analyses including grain size and area analysis were carried out using ImageJ software.  For 
grain size analysis, direct measurement of grains in reflected light micrographs of etched surfaces 
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was used, with at least 200 grains measured per material.  Sampling methods such as intercept 
analyses were not considered appropriate due to the discontinuous nature of the grain size 
distribution and the high aspect ratio of the grains in some materials observed. 
To quantify the degree of discontinuous grain growth, grains with longest dimension > 100 m were 
defined to be a ‘long grain’.  A parameter, the long grain area fraction, A, was defined.  To determine 
A, reflected light micrographs of etched surfaces were used.  On each micrograph, grains of near the 
defined length were manually identified and measured to determine if they were long enough and, if 
they were, the length and perpendicular ‘width’ were recorded, giving an estimate of the area of 
that grain.  A was then calculated from the sum of the estimated long grain areas recorded for a 
given micrograph divided by the total image area.  BS SEM images of X 100 magnification were used, 
giving a field width of approximately 1.2 mm for each analysed image. 
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4. CONTROL OF SiC-B4C COMPOSITE MICROSTRUCTURE 
4.1. INTRODUCTION 
This chapter describes work undertaken to achieve microstructural control in SiC-B4C composites.  
The aim of this work was to understand the SiC-B4C system to enable more effective material design.  
One parameter identified as important is the interfacial area between the phases.  In this chapter, it 
is demonstrated that this affects both densification and microstructural evolution in these materials.  
As has been established in chapter 2, sintering temperature also strongly affects these two 
parameters.  It is therefore demonstrated that a combination of these variables can be used to 
produce materials with specific parameters, varied independently.  Discontinuous grain growth in 
SiC is one parameter which can be affected by these variables.  Hence, the SiC grain size distribution 
(GSD) has been considered in depth since discontinuous grain growth gives rise to potentially 
interesting microstructures.  Factors which may affect this have been investigated using a parametric 
study to identify the most useful control variables. 
In the remainder of this chapter, the use of degree of separation, an established means to quantify a 
two phase microstructure, is reviewed in section 4.2.  Section 4.3 describes specific experimental 
considerations, including materials produced to investigate the effect of interfacial area between SiC 
and B4C, the design of appropriate experiments to investigate discontinuous grain growth and 
means of quantifying the interfacial area.  Section 4.4 presents the results of the different 
investigations and considers how these can be used to design composite materials with specific 
features.  Section 4.5 summarises these findings and sets out how they can be used to develop 
controlled materials. 
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4.2. USE OF DEGREE PHASE SEPARATION TO QUANTIFY A TWO PHASE MICROSTRUCTURE 
The interfaces between phases are essential to the material properties in any composite.  In 
materials considered in this investigation, the amount, size and distribution of SiC and B4C will vary 
the amount of interfacial area between the two phases.  One means of quantifying the relative 
amount of interface between two surfaces is to consider microstructural separation [1].  This 
measures how well dispersed a given material is in another.  For a given phase, the degree of 
separation is given by equation 4.1. 
 
𝑆𝛼 =  
𝑆𝑣
𝛼𝛽
2 ∗ 𝑆𝑣
𝛼𝑎 + 𝑆𝑣
𝛼𝛽
 
4.1 
   
   
In equation 4.1,  and  represent two inter-dispersed phases, S is the degree of separation of 
phase and Sv is the surface area per unit volume of one phase in another.  The phase for which the 
surface area per unit volume is measured and the phase it is measured in are denoted by the 
superscript; 𝑆𝑣
𝛼𝑎 is  surface in the  and 𝑆𝑣
𝛼𝛽
 is the surface area of the phase  in the phase.  The 
𝑆𝑣
𝛼𝑎 term must be doubled in equation 4.1 since every surface contact between  surfaces must 
include two  particles.  From equation 4.1 it can be seen that S is the fraction of total surface area 
for a phase which is formed by contact with a second phase.  A related parameter, contiguity, 
describes the fraction of the total surface area which is formed by contact with itself, such that the 
total of separation and contiguity of a phase is one [1].  Given that S is dimensionless, for an 
isotropic material it can also be worked out from intercepts on a line, as shown in equation 4.2. 
 
𝑆𝛼 =  
𝑁𝐿
𝛼𝛽
2 ∗ 𝑁𝐿
𝛼𝛼 + 𝑁𝐿
𝛼𝛽
 
4.2 

In equation 4.2, NLis the number of interfaces of a type denoted by the superscript as for Sv which 
intercept with the sample line.   
Another possible means of estimating S is to consider the effect of the volume fractions and grain 
sizes of each material, assuming grains are equiaxed.  To do this, a third expression for the 
separation of a phase can be written:  
 
𝑆𝛼 =  
𝑆𝑣
𝛽
𝑆𝑣
𝑎 + 𝑆𝑣
𝛽
 
4.3 
   
where 𝑆𝑣
𝑎and 𝑆𝑣
𝛽
 are the total surface area / unit volume of the and  phases respectively.  The 
total surface area for a phase can be expressed as [2]: 
 
𝑆𝑣
𝑎 =  
𝑉𝑣
𝛼
4 < 𝐿𝛼 >
 
4.4 
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Where for the  phase, 𝑉𝑣
𝛼 and < 𝐿𝛼 > are the volume of the phase per unit volume and mean 
length through the phase on a random line between interfaces of any type respectively.  In a 
monolithic material, 𝑉𝑣
𝛼 = 1.  In a random, equiaxed mixture, < 𝐿𝛼 > is equal to mean grain size, 
written as dand d for the and phases respectively.   Hence:   
 
𝑆𝑣
𝑎 =  
𝑉𝑣
𝛼
4𝑑𝛼
 
4.5 
   
The fraction of a phase, f and f for  and  respectively, can be defined according to the specific 
volumes as shown in equation 4.6. 
 
𝑓𝛼 =  
𝑉𝑣
𝛼
𝑉𝑣
𝛼 + 𝑉𝑣
𝛽
 
4.6 
   
Combining equations 4.5 and 4.6 with equation4.4 and rearranging yields equation 4.7. 
 
𝑆𝛼 =  
𝑓𝛽
𝑑𝛽
𝑑𝛼
∗ 𝑓𝛼 + 𝑓𝛽
 
4.7 
    
The ratio of grain sizes can be represented as a ratio, R, as shown in equation 4.8. 
 
𝑅 ≈
𝑑𝛽
𝑑𝛼
 
4.8 
   
Substituting R into equation 4.7, S becomes [3]: 
 
𝑆𝛼 =  
𝑓𝛽
𝑅 ∗ 𝑓𝛼 + 𝑓𝛽
 
4.9 
    
It is important to note that in equation 4.7, S depends on the ratio of the particles of two phases, 
but not the absolute particle dimensions.  A 100 m B4C mixed into a 10 m SiC will therefore give 
the same separation as a 10 m B4C in a 1 m SiC assuming identical mixing.  However, in practice 
behaviour of these two mixtures would not be the same; in the former case, it would be impossible 
to achieve near full density owing to the difficulty in sintering coarser powders of SiC and B4C. 
Furthermore, for coarser powders with a lower surface area / unit volume for diffusion, grain growth 
would be reduced as the number of particle-particle contacts / unit area would be lower.  This 
means that the actual particle size still needs to be considered to understand the sintering 
behaviour.  Further, error is introduced as separation as defined here does not include the effects of 
porosity, which will function as a ‘third phase’, increasing phase separation.    
Grain growth also affects the measured degree of separation; in the case of  = SiC, large SiC grains 
increase R.  This means measured SSiC is lower than it would be if the starting powder blend densified 
with no grain growth.  This suggests that SSiC estimated from the final grain size is not necessarily the 
best way to describe the interfaces in the material, since the disposition of the starting powder is 
more important to sintering behaviour than the final grains size.  Furthermore, considerable 
densification can be achieved without grain growth.  Hence, one possible way to improve the 
usefulness of SSiC is to use the starting powder particle size to estimate the original number of SiC-SiC 
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particle contacts intercepting a given line in a region of continuous SiC prior to significant grain 
growth occurring, rather than the SiC grain size, using equation 4.10.   
 
𝑁𝐿
𝛼𝛼 ≈  
𝐿𝛼
𝑡𝑜𝑡
𝑝𝛼
 
4.10 
   
In equation 4.10, 𝐿𝛼
𝑡𝑜𝑡 is the total length of sections of the  phase along a given line and p is the 
mean starting particle size in the phase.  𝑁𝐿
𝛼𝛼 calculated in this way can be used in equation 4.2 to 
calculate S.  This method has been adopted where separation is considered in this study, primarily 
for the calculation of SSiC. 
SB4C can also be calculated.  As with SiC, the starting powder particle size can be used to estimate 
SB4C.  In samples with good intermixing and coarse B4C compared with SiC, there are very few B4C-
B4C contacts.  Therefore SB4C is close to 1 (complete separation) across the composition range tested.  
This has been shown to be the case in any equiaxed composite for a phase with a mean feature size 
approximately 10 times larger than that of the other [3].  Hence, SB4C is of limited use for describing 
the separation in these materials.  SB4C is potentially more useful for the fine B4C, i.e. R ≈ 1, blended 
into SiC.  SB4C is likely important for materials with similar sized B4C features comprised of individual 
B4C particles or of many smaller B4C particles.  In this case, SSiC is the same for each material, but SB4C 
differs greatly.  The total degree of separation, Fs, given by 
 𝐹𝑠 = 𝑓𝑆𝑖𝐶 ∗ 𝑆𝑆𝑖𝐶 + 𝑓𝐵4𝐶 ∗ 𝑆𝐵4𝐶  4.11 
   
may be most useful in cases such as this. 
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4.3. EXPERIMENTAL METHODOLOGY 
4.3.1. Introduction 
This section outlines the materials produced to develop understanding of composite microstructural 
evolution.  This includes means of quantifying the interfacial area between SiC and B4C which, as 
suggested in section 4.1, is likely an important parameter in determining composite sintering 
behaviour and microstructural evolution.  This development work was carried out using multiple 
processing routes distinct from those discussed in chapter 3.  The differences in the routes and the 
specific materials produced are presented in section 4.3.2.  Section 4.3.3 discusses the methods used 
to quantify the interfacial area in these materials.  Finally, section 4.3.4 explains the parameters 
used in a factorial experiment to identify the main effects controlling discontinuous grain growth in 
the SiC. 
4.3.2. Preparation of materials to investigate control of microstructure 
The secondary processing route used in preliminary materials differed in several respects.  
Preliminary materials were produced using a SiC grade supplied by a different manufacturer to the 
SiC grade for which data are given in chapter 3.  However, d50 and specific surface area were both 
comparable.  This was supplied ready to press as granules, with both a C source and binder system.  
The principal impurity elements, according to the manufacturer supplied datasheet, are shown in 
table 4.1.  As for size and surface area, these are comparable with those shown in chapter 3. 
Table 4.1:  Principal impurity elements in ‘ready to press’ SiC powder. 
Element O Al Fe Ca 
Max wt % 1.5 0.03 0.05 0.01 
 
The pre produced granules of SiC were then mixed with the fine B4C described in chapter 3 by two 
different dry mixing routes, a ‘higher energy’ method and a ‘lower energy method’.  This allowed 
investigation of the effect of mixing energy and therefore B4C dispersion microstructural evolution 
for constant O content.  For both mixing energies, 2 wt % of a water soluble organic binder was 
added during mixing.  For the ‘higher energy’ mixing method, dry milling was employed.  Milling was 
carried out in polyethylene (PE) jars, using SiC media.  Equal masses of powder and media were 
used.  Milled powder blends were sieved using steel sieves, down to 75 m mesh size.  For the 
‘lower energy’ mixing method powders were mixed in a kitchen blender.  This was carried out on the 
highest speed setting for 30 minutes.  All other materials, where the SiC and B4C were mixed in a 
slip, were produced as described in chapter 3. 
Pressing of these materials was carried out according to the methodology outlined in chapter 3.  
Sintering was carried out both in the furnace as described in chapter 3, referred to here as the 
primary furnace, F1, and in a secondary furnace, F2. 
A summary of materials produced for this investigation is presented in table 4.2. 
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Table 4.2: Materials produced to investigate SiC-B4C composite behaviour.  Materials produced have 
been sintered at the temperatures indicated within each cell.   
Dispersion of SiC and B4C into slip Mixing 1 m B4C into ‘ready’ to press SiC 
wt % 
B4C 
1 m B4C 7 m B4C 70 m B4C Mixing 
granules of SiC 
and B4C 
wt % 
B4C 
Lower energy 
mixing 
Higher energy 
mixing 
10  F1: 2125 oC F1: 2125 oC F1: 2125 oC 10 F2: 1950 oC 
1980 oC 
2020oC 
2100oC 
2125oC 
F2: 1980 oC 
 
20 F1: 2050 oC 
2125 oC 
2200 oC 
F1: 2125 oC F1: 2050 oC 
2125 oC 
2200 oC 
F1: 2050 oC 
2125 oC 
2200 oC 
20 F2: 1950 oC 
1980 oC 
2020oC 
F2: 1950 oC 
1980 oC 
2020oC 
30 F1: 2125 oC 
2100oC 
2150oC 
F1: 2125 oC 
 
F1: 2125 oC F1: 2125 oC 
2100oC 
2150oC 
30 F2: 1980 oC F2: 1980 oC 
40 F1: 2125 oC 
2200 oC 
   40 F2: 1980 oC F2: 1980 oC 
55 F1: 2125 oC 
2200 oC 
      
60 F1: 2125 oC 
2200 oC 
      
65 F1: 2125 oC 
2200 oC 
      
70 F1: 2125 oC 
2200 oC 
      
80 F1: 2125 oC 
2200 oC 
      
 
4.3.3. Quantification of SiC/B4C interfacial area 
Two methods were used to quantify the amount of SiC/B4C interfacial area in the materials.  The first 
was direct measurement and the second was the measurement of phase separation by linear 
intercept counting. 
Direct measurement was conducted using the ImageJ software.  To determine SiC/B4C interfacial 
area, BS SEM images of polished samples were set with a contrast threshold to distinguish between 
SiC and B4C in a given image.  From this, the ’find edges’ tool, which applies a 3X3 Sobel filter to the 
image, was used to produce an image consisting solely of the lines representing the SiC/B4C 
interfaces.   Image smoothing was used to reduce the error from edge detection around pores.  This 
was necessary because pores showed an appreciable contrast difference from the surrounding 
material, impossible to reliably differentiate from that between SiC and B4C.  Smoothing was 
possible because the pores in SiC were significantly smaller than the B4C particles, so the sharp 
contrast around the pores was lost first. 
Assuming that the samples are generally isotropic, the total length of these edges / image area is 
equal to the actual interfacial area / unit volume. The edge lines have finite thickness, and therefore 
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it was possible to calculate the area of these lines as a fraction of the total image area.  This value 
was converted to the interface perimeter / unit area, and hence interfacial area / unit volume, by 
dividing it by the mean interface line thickness in m.  This was measured in pixels at several points 
across different images before being converted into m using the scale factor for the image, and was 
found to be 0.99 ± 0.01 m.  Five representative micrographs for each sample were analysed in this 
way.   
For linear intercept counting, several lines of equal length and constant orientation were drawn at 
random starting positions across the entirety of three BS SEM micrographs and the number of 
SiC/B4C interfaces intercepting them was counted.  The total length fraction each of line through SiC 
regions was also recorded.  The separation values for each phase were then calculated from these 
data using equations 4.10 and 4.2.  Two lines per image were analysed in this way.  The total 
separation, Fs, was also calculated according to equation 4.11. 
Both methods used images at 200 X magnification in the case of fine B4C and 100 X images in the 
case of coarse B4C. 
The two methods give different information about the composite microstructure.  The linear 
intercept method gives information on the amount of SiC/B4C interfacial area relative to the amount 
of other interfaces.  The ‘edge area’ method quantifies the amount of SiC/B4C interfacial area / unit 
volume.  Additionally, the interfacial area/unit volume evaluated by the ‘edge area’ method allows a 
larger amount of the microstructure to be analysed than the linear intercept method, reducing error.  
Therefore, it is preferred for demonstrating relationships between the composite interfaces and 
other properties.  SSiC is also potentially useful.  In this investigation, SiC starting powder size is 
constant, but B4C size varies, hence R, as defined in equation 4.9, varies.  SSiC therefore shows the 
effect of this ratio and hence is used to compare samples across all three B4C sizes used.  This is 
particularly appropriate where a property of the SiC is considered. 
4.3.4. Parametric study of discontinuous grain growth 
To achieve control of discontinuous grain growth, a factorial experimental design was used to 
identify important parameters.  To quantify the amount of discontinuous growth, the area % of long 
grains was measured, as described in chapter 3.   A constant factor was the addition of 10 wt % B4C.  
Five other factors were selected and assigned high and low values, as outlined below. 
The C content of a powder blend may play an important role in the SiC GSD.  It has been suggested 
that, during sintering of SiC, C reduces the rate of mass transport along pathways that do not favour 
densification [4].  Excess grain growth typically occurs as a result of these processes.  Higher C 
content may be expected to reduce excessive grain growth and hence may also prevent 
discontinuous grain growth.  Therefore, the SiC powders into which B4C was blended have been 
prepared with two levels of the additive used to give a C residue.  This additive is dispersed in the 
slip as previously in each case.  These addition levels correspond to approximately 2.5 ± 0.5 and 5.0 ± 
0.5 % wt. C for the ‘low’ and ‘high’ values respectively. 
Another possible factor is the B4C distribution.   Initial samples which showed discontinuous SiC grain 
growth contained unprocessed B4C powder with inhomogeneous mixing.  Materials which did show 
appreciable discontinuous grain growth therefore showed a greater distribution of B4C feature sizes 
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and feature spacing.  To investigate possible effects of the B4C feature size distribution and spacing, 
both the SiC granule size and the mode of B4C addition were varied.  SiC granules of < 335 m and 
< 125 m were used.  For each granule size, both B4C granules < 125 m and unprocessed B4C 
powder were added.   
The propensity for discontinuous grain growth may also be a function of the green body density.  
Materials prepared with a higher green body density tend to show less grain growth as there are 
more particle-particle contacts, so shorter mass transport distances are required and more effective 
pathways for densification are favoured.  Therefore, all powder blends prepared were pressed at 
two pressures, with high and low conditions of 85 ± 2 MPa and 170 ± 2 MPa.  Though the % TD 
achieved varied with each powder, these pressures gave approximately 55 ± 2 and 60 ± 2 % TD 
respectively. 
In addition to this, preliminary materials which showed discontinuous grain growth were sintered in 
the secondary furnace.  The different thermal profile and sintering atmosphere between furnaces 
may have an effect, in addition to the temperature used.  Therefore, samples of all materials 
produced with the selected parameters (C content, B4C dispersion, SiC granule size and green body 
density) were sintered both in F1 at 2175 oC, and in F2.   
These parameters generate a 25 factorial experiment.  The 25 factorial design is shown in table 4.3.  
In this table, each parameter is assigned a capital letter, from A-E.  Also in this table, each parameter 
was assigned a low value and a high value, indicated by ‘-‘ and ‘+’ respectively.  Experiments are 
generated to cross all the low and high values for each factor.  To denote a given experiment, where 
a factor is set at the high value, the lower case letter of this factor is included in a shorthand to refer 
to the experiment, while it is omitted where the factor is set at the low value.  Thus, for example, 
where A is set at the high value and B is set at the low value, the experiment is denoted a while if A 
is set at the low value and B is set at the high value the experiment is denoted b.  A partial factorial 
scheme was used to reduce the number of materials needed to investigate these factors, since it 
was considered unlikely that any effects beyond two factor interactions would be observed.  A 25-1 
scheme was used [5] since this allows measurement of unconfounded two factor interactions.  
Materials in the 25-1 partial factorial, which were produced and analysed, are highlighted in table 4.3.   
For each test, the long grain area fraction and % TD were calculated as described in chapter 3.  Main 
effects were calculated for each factor.  An example calculation for the main effect of A is shown in 
equation 4.12.  As this shows, to calculate the main effect of A from experiments within the 25-1 
scheme, the sum of the measured amounts of discontinuous grain growth in all experiments which 
have factor A in the high, ‘+’, value is first calculated.  The sum of all the experiments which have A in 
the low, ‘-‘, value is then subtracted from this.  Thus, a factor which, when raised from low to high 
tends to strongly increase long grain growth will show a high positive total when an equation of the 
form of equation 4.12 is applied.  On the other hand a factor which limits grain growth when 
changed from the low to high value will show a large negative total.  A factor which does not show a 
marked effect will have a magnitude close to 0. 
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Table 4.3: 25 factorial experiment, with tests required for 25-1 experiment highlighted [5].  
 
 𝑀𝑎𝑖𝑛 𝑒𝑓𝑓𝑒𝑐𝑡 ′𝐴′
= 𝑙𝑜𝑛𝑔 𝑔𝑟𝑎𝑖𝑛 𝑓𝑟𝑎𝑐𝑡𝑖𝑜𝑛(𝑎𝑏 + 𝑎𝑏𝑐𝑑 + 𝑎𝑏𝑐𝑒 + 𝑎𝑏𝑑𝑒 + 𝑎𝑐 + 𝑎𝑐𝑑𝑒
+ 𝑎𝑑 + 𝑎𝑒 − 𝑏𝑐 − 𝑏𝑐𝑑𝑒 − 𝑏𝑑 − 𝑏𝑒 − 𝑐𝑑 − 𝑐𝑒 − 𝑑𝑒− ′−′) 
4.12 
  
 
 
 
 
 
A B C D E
C addn B4C type SiC size Pressing Furnace Total
+ - - - - + a
+ + - - - - ab
+ + + - - + abc
+ + + + - - abcd
+ + + + + + abcde
+ + + - + - abce
+ + - + - + abd
+ + - + + - abde
+ + - - + + abe
+ - + - - - ac
+ - + + - + acd
+ - + + + - acde
+ - + - + + ace
+ - - + - - ad
+ - - + + + ade
+ - - - + - ae
- + - - - + b
- + + - - - bc
- + + + - + bcd
- + + + + - bcde
- + + - + + bce
- + - + - - bd
- + - + + + bde
- + - - + - be
- - + - - + c
- - + + - - cd
- - + + + + cde
- - + - + - ce
- - - + - + d
- - - + + - de
- - - - + + e
- - - - - - -
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4.4. RESULTS AND DISCUSSION 
4.4.1. Introduction 
This section outlines the progress made in the present investigation on control of SiC-B4C 
microstructure.  Section 4.4.2 and 4.4.3 consider the effects in these materials of interfacial area on 
the densification and continuous grain growth respectively.  Section 4.4.4 and 4.4.5 consider 
discontinuous grain growth in SiC.  Section 4.4.4 demonstrates that this grain growth can be 
controlled as a function of temperature.  Section 4.4.5 outlines a factorial experiment undertaken to 
identify other parameters which can be used to control grain growth.  Section 4.4.6 considers how 
the understanding developed in the preceding sections can be used to independently vary different 
microstructural parameters. 
4.4.2. Effect of composite interfacial area on densification 
The distribution of the B4C in the composites affects the amount of interfacial area between the two 
phases.  This may be important to their densification behaviour.  Examples of composites with B4C 
dispersed using different mixing energies are shown in fig. 4.1.  The effect of the amount of B4C and 
resulting interfacial area between the phases on densification is shown in fig. 4.2. 
 
Fig. 4.1: BS SEM images of SiC-B4C composites with 30 wt % B4C with (left) lower energy mixing and 
(right) higher energy mixing. 
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Fig. 4.2: Plot showing the effect of a) B4C wt % and b) interfacial area / unit volume on % TD in 
samples with 1 m B4C content sintered in F2. 
In fig. 4.1, the lighter grey phase is SiC, the darker phase is B4C and the pores appear black.  Fig. 4.2a) 
shows that in general, for both degrees of intermixing, the % TD achieved tends to decrease with 
increasing B4C content in this composition range.  However, with higher energy intermixing, the 
decrease is more rapid than with lower energy mixing.  Fig. 4.2b) shows that there is also a general 
decrease in % TD with increasing interfacial area between the phases.  Further, samples prepared 
with both types of intermixing generally follow the same trend.  This suggests that extra SiC/B4C 
interfacial area created by higher degree of intermixing inhibits sintering.  Hence, the driving force 
for sintering may be lower between SiC and B4C powder particles than between either type of like-
like particle contacts, possibly because of the lattice mismatch raising the energy of these interfaces.  
As a result of this, less mass transport which contributes to densification occurs where SiC/B4C 
interfaces exist.   
The effect of interfacial area on densification can also be observed in samples with coarser B4C 
particles.  For the same wt % B4C, a finer B4C creates more interfacial area.  Fig. 4.3 shows typical 
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samples with 10 and 30 wt % B4C for the two coarser B4C grades.   Fig. 4.4a) shows the effect of 
amount of B4C for each size addition on % TD, while fig. 4.4b) shows this as a function interfacial 
area / unit volume.  
Fig. 4.3: BS SEM micrographs showing 7 m (left) and 70 m (right) B4C dispersed in SiC; top 10 wt % 
bottom 30 wt % B4C. 
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Fig. 4.4: Plot showing effect of a) B4C wt % and b) interfacial area / unit volume on % TD in samples 
with coarse B4C sintered at 2125 oC. 
Fig. 4.4a) shows that increasing the amount of B4C decreases the % TD achieved.  However, though it 
might be expected that the finer B4C would give better densification , % TD achieved is higher for the 
coarser B4C.  Fig. 4.4b) shows that as the SiC/B4C interfacial area  increases, the % TD decreases; the 
7 m B4C reduces % TD more than the 70 m B4C because it creates more interfacial area.  As with 
the 1 m B4C, increasing the SiC/B4C interfacial area reduces the number of like-like inter-particle 
contacts which can contribute to densfication.  The relationship seems to be constant across the B4C 
sizes, except in the case of 30 wt % 70 m B4C, for which % TD is lower than the trend of the other 
materials.  One possibile reason is that with higher loading of the coarser B4C, SiC cannot shrink 
sufficiently around the particles for the body to densify, trapping porosity.   
From fig. 4.2 and fig. 4.4 it appears interfacial area affects densification in both coarse B4C and 
differently mixed fine B4C.  However, the densification regime changes between the fine powder and 
the two coarser B4C powders.  This is shown in fig. 4.5.  
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Fig. 4.5: Plot showing effect of phase separation on % TD in materials with three different B4C sizes 
at addition levels from 0 wt % to 40 wt % sintered at constant temperature. 
In fig. 4.5, % TD is plotted as a function of SSiC across a range of B4C addition levels at different sizes.  
Within a size of B4C, a lower addition level gives a lower degree of SSiC.  The coarse B4C powders are 
both too coarse to self densify and occupy a similar trend line.  However, the fine B4C shows a similar 
gradient but in a different region.  Thus, within a range of materials made with both types of B4C, 
increasing the amount of SiC/B4C interfacial area, and therefore SSiC, appears to reduce densification.  
It may be concluded that the inhibition of densification caused by SiC/B4C interfacial area is 
competing with particle curvature.  In materials with 1 m B4C, the greater B4C curvature facilitates 
densification, offsetting the reduced driving force from SiC/B4C particle contacts.  On the other hand, 
it has been observed that above 8 m, B4C cannot self densify [6].  Thus in materials with the two 
coarser grades, any B4C/B4C contacts will tend to trap porosity, while with 1 m B4C they can 
faciliate densification, so the coarse B4C gives lower % TD than fine B4C at constant SSiC.     
Though it appears the interfacial area between the phases is important to densification behaviour, 
sintering temperature is also important, as with any ceramic.  The O content of the powders may 
also play a role.  Impurities such as O can influence the minor phases formed at the grain 
boundaries, which can have a strong effect on microstructural evolution [7].  Fig. 4.2 shows materials 
with different mixing energies of the same powders, so for given wt % B4C the O content is constant, 
assuming that further oxidation does not occur during higher energy mixing.  In these materials 
therefore, interfacial area seems to be more significant.  The two coarse B4C sizes do show different 
O content.   The 7m B4C has approximately four times the wt % O of the 70 m B4C.  However, the 
SiC has a higher O content.    As a result of this, the total O content results mostly from SiC and does 
not vary much between materials.  It is likely the total O content which will affect the densification 
behaviour.  Additionally, the four fold increase in O content corresponds with a ten fold increase in 
specific surface area.  Therefore, assuming the O is found predominently at the surface of the B4C 
86
88
90
92
94
96
98
100
0 0.02 0.04 0.06 0.08 0.1 0.12 0.14 0.16 0.18 0.2
%
 T
D
SiC separation
70 micron
7 micron
1 micron
66 
particles, the thickness of the O coating does not increase with decreasing particle size.  Hence, the 
presence and amount of SiC/B4C interfaces themsleves may be a more important factor.   
To demonstrate the relative importance of interfacial area compared with temperature and O 
content of the powders, materials with agglomerates of fine B4C and the same wt % B4C which has 
been well mixed were fired at a range of temperatures.  Example microstructures of each are shown 
in fig. 4.6.  The % TD of each material as a function of sintering temperature is shown in fig. 4.7. 
From fig. 4.6 it can be seen that there is vastly more SiC/B4C interfacial area in material where the 
B4C has been well mixed.  However, since the same wt % B4C has been used in each material, O 
contribution from the B4C is constant.  In spite of this, at lower sintering temperaturs, the material 
with fine B4C shows lower % TD than the material with the agglomerates.  As in fig. 4.2, the sintering 
behaviour for different amounts of interfacial area converges with sufficient sintering temperature. 
 
Fig. 4.6: BS SEM images of 30 wt % fine B4C material with B4C (left) well dispersed and (right) 
intermixed as composites. 
 
Fig. 4.7: Plot showing % TD achieved as a function of sinternig temperature in composites with 
30 wt % fine B4C both well dispersed in the material and as coarse agglomerate features. 
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Materials discussed up to this point have shown the effect of SiC/B4C interfacial area for B4C in an SiC 
matrix.  However, the interfacial area plays a role in densification across the whole SiC-B4C 
composition range.  The effect of wt % well dispersed 1 m B4C on % TD across a range of 
compositions is shown in Fig. 4.8. 
 
Fig. 4.8: Plot showing the effect of 1 m B4C content on % TD achieved in composites produced by 
mixing in a slip sintered at two temperatures. 
Fig. 4.8 shows that at 2200 oC, 98 % TD can be achieved across the whole composition range tested.  
This is in agreement with previous work [8].  It may be concluded that there is sufficient driving force 
for densification both within the B4C and across the interfaces between the phases.  However, at 
2125 oC the densification behaviour varies across the composition range.  Below 40 wt % B4C, the 
% TD achieved decreases with B4C content, as expected.  Additionally, above 50 wt % B4C the % TD 
achieved increases with B4C content; this effect has previously been observed [9,10].  It should be 
noted, however, that the % TD achieved on the B4C rich side is lower than that on the SiC rich side 
for all materials.  With an excess of one phase, this phase may be expected to be dominate the 
densification behaviour.  B4C has a lower self-diffusivity than SiC and so at where sintering 
temperature is not high enough to enable faster mass transport mechanisms within the solid state 
sintering regime it may be expected to give lower % TD.   
The lowest density at 2125 oC is achieved where the volume fractions of each phase are roughly 
equal.  These materials show good mixing and similar sized particles of the two phases and therefore 
the maximum interfacial area between phases is observed with equal volumes of the two.  This 
supports the observation that SiC/B4C interfaces give a lower driving force for densification than 
either SiC/SiC or B4C/B4C like/like interfaces.  This may be because of the lattice mismatch between 
SiC and B4C raising the energy of these interfaces.  As a result of this, there is a lower driving force 
for mass transport which contributes to densification occurs where SiC/B4C interfaces exist.   The 
change in behavior between 2125 oC and 2200 oC may indicate a change in the system kinetics 
between these temperatures.   At lower temperatures, grain boundary diffusion dominates 
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densification.  However, at increased temperature, bulk diffusion will become more significant.  This 
offers increased mass transport throughout the material which is sufficient to offset the lower 
driving force for densification at the SiC/B4C and B4C/B4C interfaces.   
4.4.3. Effect of composite interfacial area on microstructure and crystallography 
The interfacial area between the two phases also influences grain growth in the SiC.  An example SiC 
grain structure is shown in fig. 4.9.  The relationship between SiC/B4C interfacial area  and mean 
grain length for materials with coarse B4C is shown in fig. 4.10.   
Fig. 
4.9: Light micrographs of polished and etched 20 wt % B4C composites using (left) 70 m and (right) 
7 m B4C. 
 
Fig. 4.10: Effect of interfacial area as determined by the ‘edge area’ method on mean grain length 
after sintering for samples containing two different B4C sizes. 
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Fig. 4.10 shows that, across both B4C sizes, increasing the interfacial area between the phases seems 
to reduce SiC grain growth.  With a greater SiC/B4C interfacial area, there is a greater probability that 
a growing SiC grain will meet a SiC/B4C interface and be phyiscally stopped from growing.   
The reduction in grain growth with increasing interfacial areal can be observed across both 
densficiation regimes discussed in section 4.4.2.  Fig. 4.11 shows the effect of SSiC on SiC grain growth 
with the addition of B4C powders in both densification regimes. 
 
Fig. 4.11:  Plot showing effect of phase separation on mean SiC grain length in composite materials 
with three different B4C sizes at addition levels from 0 to 40 wt % sintered at constant temperature. 
Fig. 4.11 shows that grain growth in SiC lies on the same trend across the two different densification 
regimes of B4C.  Mean grain size decreases with increasing SSiC as there are fewer adjacent SiC grains 
which can merge to give grain growth.  This trend continues until a plateau at approximately the 
starting powder particle size is reached.  This suggests that, unlike for densification, at constant 
temperature the amount of interfacial area in the composite is the major controlling factor for grain 
growth; the ability of B4C to self densify has no effect.   
Given that the addition of B4C typically reduced the observed grain growth, it was hypothesised that 
it may also affect the SiC polytype composition in the sintered body.  Example XRD data, with the 
phases considered identified, are shown in fig. 4.12.  Data such as these were used for Rietveld 
refinement as discussed in chapter 3, to quantify the 6H and 4H polytypes, as well as the B4C.  The 
effect of increasing interfacial area between the two phases on the vol % 4H formed, for materials 
sintered at constant temperature, is shown in fig. 4.13.  The vol % 4H is considered as this is the 
polytype of which formation is commonly associated with grain growth, as outlined in chapter 2. 
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Fig. 4.12: Example XRD data for two materials sintered at 2125 oC, a) 10 wt % 70 m B4C and b) 
30 wt % 7 m B4C. 
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Fig. 4.13: Plots showing % vol 4H polytype SiC present in the sintered body as a function of a) of 
interfacial area and b) the SiC grain size, in samples containing 2 different B4C sizes. 
Fig. 4.13 shows that less 4H is observed in the sintered body as the interfacial area between the 
phases increases.  Further, this appears to correlate with the grain growth in the SiC.  Refinement 
data indicate the amount of remaining 6H polytype increases correspondingly.  The error in this 
measurement was determined by using the Rietveld refinement data to evaluate the vol % B4C in the 
material and comparing this to the known true value.  An increase in transformation to 4H with 
increased grain growth has been observed for of LPS -SiC [11].  This may be because the growth 
mechanism producing the larger SiC grains involves a transformation from 6H to 4H.  
4.4.4. Understanding amount of discontinuous grain growth 
In materials with low SiC/B4C interfacial area sintered at higher temperatures, significant 
discontinuous grain growth was observed.  Therefore, the ability to control and tailor the 
discontinuous grain growth may allow higher performance armour materials to be developed. 
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By comparing the long grain volume fraction in otherwise identical samples sintered for the same 
time at different temperatures, it was possible to determine a relationship between discontinuous 
grain growth and the temperature.  Three sets of samples with 10 % wt. B4C and identically prepared 
green bodies were sintered at three different temperatures in F2, as shown in table 4.1.   The long 
grain area fraction, A, in the sintered body was then determined as described in chapter 3.  Example 
micrographs such as those used to measure A are shown in fig. 4.14. 
a)                                                                               b) 
 
c)         
Fig. 4.14: Reflected light micrographs showing polished and etched 10 wt % B4C composites sintered 
for 30 minutes at a) 2020, b) 2100 and c) 2150 oC. 
An Arrhenius type plot showing the relationship between temperature and long grain area fraction is 
shown in fig. 4.15.  This analysis was selected as measuring grain growth at constant sintering time 
but varying temperature, gives an estimate of the rate of the process of forming long grains.  Though 
rate is not necessarily constant over time at a given temperature, if this is assumed the analysis is 
appropriate as a rate analysis. 
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Fig. 4.15: Plot showing the natural log of long grain area fraction (A) against reciprocal temperature. 
Fig. 4.15 demonstrates good linear correlation between lnA and 1/T.  A pseudo activation energy can 
therefore be calculated from the gradient.   This has been determined to be 890 ±10 kJ mol-1, 
compared with 452 ± 1 kJ mol-1 for the Si-C bond enthalpy.  The activation energy for SiC sintering 
with different additives under hot pressing has been estimated previously [12].  In this study, the 
activation energy for densification was determined to be 640 ± 40 kJ mol-1 with B and C and 
840 ± 60 kJ mol-1 with Al sintering aids.  It was suggested that the sintering pathway for B and C 
addition was solid state, while Al formed a liquid and so had higher activation energy due to the 
energy of solution.  The value determined in the present study is within one standard deviation of 
the latter value.  The necessary degree of mass transport to form the long grains may have required 
a liquid phase pathway.  It follows that estimated activation energy required to form ‘long’ grains 
should be similar to that for the formation of other liquid phases or grain boundary complexions 
which allow similar mass transport [7]. 
Fig. 4.15 allows an estimation of the temperature required to produce a desired long grain area 
fraction.  A major drawback is that this estimate is valid only for 10 wt % B4C composites sintered for 
30 minutes; to estimate a temperature needed to achieve a desired long grain fraction under 
different conditions would require this analysis to be repeated under those conditions.  For example, 
a longer soak time may produce the same long grain area fraction at a lower temperature than 
would be required with the soak time used here.   
There are two other major limitations to this analysis.  The first limitation is that the ‘long grain’ 
definition of greater than 100 m has been chosen arbitrarily as an approximation of the true long 
grain volume fraction, as stated above.  There appear to be two sintering processes competing in the 
SiC in these materials; a solid state diffusion route, giving minimal grain growth and some form of 
liquid phase, giving abnormal grain growth, especially along preferred directions [13].  It is the 
second mechanism which gives rise to the grains considered ‘long’ in this analysis.  Thus, an 
alternative way to define ‘long grain’ would be in terms of which sintering mechanism predominated 
in its formation.  However, this definition may be less useful, since it may be that physical size and 
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aspect ratio rather than the sintering mechanism which formed the grains is more important to 
material properties.  The cut off chosen does not include all grains produced by the second sintering 
mechanism so will artificially raise the estimated activation energy since the area fraction of grains 
produced predominantly by the liquid phase route will be greater than the measured fraction.   
The second major limitation of this analysis is the fact that most of the long SiC grains in these 
materials are needle-like and somewhat randomly oriented.  This can be seen in fig. 4.16. 
 
Fig. 4.16: SEM image showing long SiC grains in a composite material sintered at 2100 °C.  B4C 
surrounding the grains has vaporised, leaving them clearly visible. 
With randomly oriented grains as shown in fig. 4.16, a section cut through these will cut some ‘long’ 
grains perpendicular to their long axis, and the resulting cross-sections will not measure 100 m.  
This means that the long grain volume fraction through the material will be greater than the area 
fraction measured.   
In summary, this analysis can be used to estimate temperatures needed to produce a particular 
microstructure in this material.  It does not give an estimate of the activation energy required for the 
pathway which produces long grains or separate the kinetic factors of long grain growth such as 
sintering time and B4C occlusion.  If a true activation energy and a ‘kinetic factor’ term 
approximating these values could be separated from analyses of this type, they could be used to 
estimate the area fractions obtained using different sintering soak times or compositions.  Though 
the means of estimating the long grain is not wholly representative, it can be used to understand the 
relative amounts of growth observed in different materials 
4.4.5. Factors affecting discontinuous grain growth 
As shown in section 4.3.3, five parameters were varied to produce a factorial experiment to identify 
which parameters in addition to temperature could affect the long grain growth.  Fig. 4.17 shows 
example microstructures of materials with different grain structures.  The % TD and the ‘long grain’ 
area % values for each material are shown in table 4.5. 
300 m 
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a) b)  
c)  
Fig. 4.17: Reflected light micrographs of polished and etched surfaces of 10 wt % B4C composite 
material types selected for ballistic testing, a) high C, F2, b) low C, F2, c) low C, F1 2175 oC. 
As can be seen in fig. 4.17, there is a greater degree of discontinuous grain growth in the sample 
with lower C content under the same sintering conditions as the sample with higher C content.  
Some needle like grains are still observed.  The dark regions in these images represent regions where 
B4C agglomerates were situated in the sintered microstructure.  However, the etching process 
appears to strongly attack SiC/B4C interfaces, resulting in agglomerate features, such as those used 
in these materials, being cut out of the surface as the etchant undercuts them.  This qualitatively 
demonstrates the lower strength of the SiC/B4C interfaces compared with like/like interfaces, as 
higher energy regions are more strongly affected by etching processes and a weaker interface is at 
higher energy.  
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Table 4.4: Summary of long grain’ area % calculated for materials designed to investigate controlling 
factors for discontinuous SIC grain growth. 
B4C addition type C addition 
to SiC / % 
wt. 
SiC 
granule 
size 
Green body 
compaction 
pressure / MPa 
F2 F1 2175 oC 
% 
TD 
% long 
grains 
% 
TD 
% long 
grains 
Granules < 125 m 2.5 Fine 85   98.9 17 
Granules < 125 m 5.0 Fine 85 99.0 13   
Granules < 125 m 2.5 Coarse 85 99.2 9   
Granules < 125 m 5.0 Coarse 85   98.1 15 
Granules < 125 m 2.5 Fine 170 99.5 13   
Granules < 125 m 5.0 Fine 170   98.0 12 
Granules < 125 m 2.5 Coarse 170 98.2  98.9 20 
Granules < 125 m 5.0 Coarse 170 99.1 4   
Unprocessed 2.5 Fine 85 99.8 0   
Unprocessed 5.0 Fine 85   98.3 1 
Unprocessed 2.5 Coarse 85   99.2 9 
Unprocessed 5.0 Coarse 85 95.9 0   
Unprocessed 2.5 Fine 170   99.6 1 
Unprocessed 5.0 Fine 170 98.0 1   
Unprocessed 2.5 Coarse 170 98.6 4   
Unprocessed 5.0 Coarse 170   98.6 4 
 
From table 4.4 the main effects on volume fraction of long grains can be determined, by applying 
equations of the form of 4.12 for each of the main effects.  The results of these sums are shown in 
table 4.5.   
Table 4.5: Main effects of increasing the five identified factors from their higher to lower values. 
Main effect 
increased 
Total change in long 
grain fraction 
Temperature 34.8 
C addition -21.8 
SiC granule size 7.4 
B4C addition type 82.4 
Green body 
compaction 
pressure 
-4 
 
In table 4.5, sintering profile in F1 was higher temperature than F2 and was therefore taken to be 
the ‘+’ value.  Thus, moving from F2 to F1 appears to favour discontinuous grain growth, as expected 
when temperature is increased.  However, the largest effect, hence the one where moving from the 
low to the high state most increases long grain area fraction, is increasing the size of the B4C features 
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from unprocessed powder to agglomerates.  This significantly reduces the SiC/B4C interfacial area, so 
permitting grains to grow further before reaching an interface.   
On the other hand, the effects of applied pressure during green body production and the granule 
size of the SiC are of relatively small magnitude.  As stated in section 4.3, this suggests that these 
factors are less important in determining discontinuous grain growth.  Increasing the pressure used 
to form the green body may slightly reduce the grain growth, possibly by creating more particle-
particle contacts and so favouring densification.  Increasing the SiC granule size may slightly increase 
the degree of discontinuous grain growth, possibly because the mean free path in the SiC is 
increased.   
Finally, the C content also shows significant effects over the experimental range tested.  The high 
value of C content was defined as the higher wt % addition.  Hence, the negative value shown in 
table 4.5 suggests that reducing C content appears to favour discontinuous grain growth.  This may 
support the hypothesis presented in chapter 2, which suggests that C addition prevents mass 
transport mechanisms less efficient to densification [4], such as surface diffusion, since these 
mechanisms are often associated with discontinuous grain growth. 
However, this seems to contradict the hypothesis that discontinuous grain growth results from the 
formation of an Si-B-C eutectic.  Thermodynamic data suggest that increasing the C content would 
lower the formation temperature of this eutectic, and so would tend to increase the amount of long 
grain growth observed at a given temperature.  It seems more probable therefore that trace 
amounts of a Si-B-O-[other impurities such as Fe] liquid form at higher temperature and C prevents 
the formation of this phase.  An Fe-Si-B-[other impurities] liquid may also behave in this way if the 
presence of free C has reduced the level of O present in the materials at the sintering temperature 
range.  Similarly, since it was observed that B tends to increase discontinuous grain growth, B may 
lower the formation temperature of this or increase the amount of liquid formed.  As stated in 
chapter 2, the transition from relatively slow equiaxed grain growth to rapid anisotropic grain 
growth may result from a change in the grain boundary complexion favoured.  However, at higher 
temperatures than those tested, or with higher powder purities a Si-B-C liquid may still form. 
4.4.6. Independent variation of microstructural parameters 
It has been shown that it is possible to control densification and microstructure in these materials by 
multiple effects, including; material composition, second phase distribution and sintering conditions.  
This is significant because it allows different microstructural parameters to be varied independently.  
This section presents three examples.  
First, with sufficient interfacial area, grain growth is highly restricted.  Fig. 4.18 shows the effect of 
sintering temperature on both % TD and grain growth for materials prepared with 40 wt % 1 m B4C. 
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Fig. 4.18:  Plot showing effect of sintering temperature on % TD and mean SiC grain length in 
composite materials containing 40 wt % 1 m B4C. 
Fig. 4.18 shows that the % TD of the materials increases appreciably with sintering temperature.  
However, the mean grain length in the SiC stays roughly constant, with only a small increase shown.  
This is because the high degree of interfacial area in this composite, with approximately equal 
volumes of each phase, limits grain growth across the whole temperature range but inhibits 
densification less at higher temperatures.  Thus interfacial area can be used to vary density in these 
materials without excessive grain growth for B4C addition levels which give high levels of interfacial 
area.  Given that the volume fractions of the phases are near equal with 40 wt % B4C, these materials 
were chosen as an ideal example of materials of this type. 
Conversely, in section 4.4.5 it has been shown that materials can be achieved with 98 % TD but with 
varying long grain fraction. This can be achieved by selecting conditions which favour densification 
but also which favour discontinuous grain growth.  As shown in table 4.4, varying sintering 
temperature and the C content can vary the discontinuous grain growth but maintain % TD for an 
appropriate microstructure.   
Finally, it is possible to produce materials with constant porosity and B4C content but widely differing 
B4C distribution.  Example BS SEM images of materials with 10 wt % B4C but different B4C 
distributions are shown in fig. 4.19, and firing curves for these are shown in fig. 4.20.  From the 
curves it is possible to predict firing temperatures which give equal % TD.  The materials with 
agglomerates of B4C and coarse B4C achieve peak density at lower temperatures than material with 
fine B4C due to lower interfacial area between the phases.  However, the material with coarse B4C 
has the lowest peak % TD as there is lower particle curvature, reducing densification. 
0
0.5
1
1.5
2
2.5
93
93.5
94
94.5
95
95.5
96
96.5
97
97.5
98
2060 2080 2100 2120 2140 2160 2180 2200 2220
M
ea
n
 g
ra
in
 le
n
gt
h
 /
 m
m
%
 T
D
 
Temperature / oC
% TD Grain size
79 
 
Fig. 4.19: BS SEM micrographs of composites containing 10 wt % B4C distributed as (left to right) fine 
well dispersed B4C, coarse well dispersed B4C and agglomerates of fine B4C. 
 
          
Fig. 4.20: Plot showing % TD as a function of firing temperature for materials with 10 wt % B4C in 
different distributions. 
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4.5. CONCLUSIONS 
Chapter 2 highlighted that while a range of SiC-B4C composites had been achieved, only limited 
microstructural control has been demonstrated in these materials, in spite of the broad range of 
microstructures possible in SiC. The present chapter has demonstrated a number of ways in which 
the densification and microstructure of SiC-B4C composites can be controlled and understood in 
order to produce a range of microstructures.  The key findings are that:   
 In addition to factors such as sintering temperature and particle curvature, the interfacial 
area between the two phases plays an important role in the densification behaviour of SiC 
B4C composites. 
 SiC/B4C interfaces are less favourable to densification than like/like interfaces.  They also 
restrict grain growth. 
 Grain growth in SiC appears to be associated with a 6H to 4H polytype transformation. 
 With temperature sufficient to permit mass transport and sintering at the SiC/B4C interfaces 
it is possible to produce a range of compositions at 98 % TD. 
 Discontinuous grain growth in SiC can be controlled by sintering temperature, C content and 
interfacial area.  By combining these parameters, materials with differing grain growth at 
constant % TD can be produced. 
 Though C addition is an important factor in discontinuous grain growth, it does not seem to 
be linked to the formation of an Si-B-C eutectic liquid in the materials produced. 
 Discontinuous grain growth can be modelled using an Arrhenius like relationship, with 
activation energy comparable to that believed necessary for the formation of a liquid phase. 
 The competition between B4C distribution and temperature on densification allows differing 
microstructures to be generated at constant % TD. 
The ability to control microstructure in these materials is vital to developing understanding of links 
between microstructure and properties.  This understanding has informed further work to produce 
different potential armour materials. 
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5. SELECTION AND ANALYSIS OF SiC-B4C COMPOSITES FOR BALLISTIC 
TESTING 
5.1. INTRODUCTION 
This chapter describes the materials which have been selected for ballistic testing and summarises 
their properties.  The work described in chapter 4 allows independent variation of microstructural 
parameters.  Four parameters have been identified as potentially important.  These are the SiC/B4C 
ratio at constant % TD, the porosity at constant grain size and composition, the B4C 
distribution/feature size for constant SiC/B4C ratio and % TD, and finally the SiC grain size 
distribution.  A number of materials have been produced to investigate each parameter and the 
microstructures and physical properties of each have been analysed.  The residual thermal stresses 
arising in these materials are also considered, since these may strongly affect ballistic performance. 
In the remainder of this chapter, section 5.2 outlines relevant literature, especially with regards to 
quantifying microstructural parameters of these materials.  Section 5.3 lists which materials have 
been produced.  It also details the adopted methods for quantifying the microstructures and 
determining material parameters.  Section 5.4 summarises the properties of the different materials 
and attempts to understand these in light of existing models.  A summary of findings which can be 
used in conjunction with ballistic data is presented in section 5.5. 
 
5.2. UNDERSTANDING PHYSICAL PROPERTIES IN SiC-B4C COMPOSITES 
5.2.1. Introduction 
This section considers literature relevant to the material properties which have been analysed in this 
chapter.  Section 5.2.2 compares different means of measuring Young’s modulus of ceramics and 
also describes different models for Young’s modulus in porous materials.  Section 5.2.3 considers 
different methods of quantifying the feature size and distribution of a two phase microstructure.  
Section 5.2.4 outlines two different models for residual thermal stress in two phase composites. 
5.2.2. Determination of Young’s Modulus in porous composites 
There are a number of possible methods for determining Young’s modulus.  Conventional tensile 
testing is experimentally difficult.   This is due to both the need to machine a suitable specimen and 
the need to clamp it and account for possible plastic deformation of the clamp assemblies.  Four 
alternatives have been compared for alumina; nano-indentation, four point bending, ultrasound and 
resonance excitation [1].  Nano-indentation was not found to be sensitive to porosity and so is 
unsuitable to the present work, where porosity variation is important.  The dynamic methods, 
ultrasound and resonance, were found to be more precise than the static methods.  This is because 
they do not need to deform the sample.  Given the stiffness of SiC and B4C, any deformation will be 
small and so the precision will be similarly limited.  A resonance based technique has therefore been 
adopted in the present study. 
In addition to the method of determining the material modulus, it is also necessary to understand 
how this material property links to the microstructure.  It is known that porosity reduces material 
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modulus.  An understanding of the way in which this occurs may allow modulus data to better 
inform ballistic trials. 
A wide range of empirical equations have been suggested to convert an ideal or theoretical modulus 
to one for a porous material.  A typical example of an empirically fitted model is shown in equation 
5.1[2]. 
 
𝐸 = 𝐸0 (1 −
𝑝
𝑝𝑚
)
23
12
∗𝑝𝑚
 
5.1 
   
In equation 5.1, 𝐸0 is the modulus of the matrix assuming zero porosity, p is the pore volume 
fraction and 𝑝𝑚 is the pore fraction at which percolation of the pores would occur.  This parameter 
allows consideration the pore geometry or orientation, since the percolation threshold is affected by 
these parameters.  Other models consider only the total pore volume [3].  Equation 5.2, with s 
defined as shown in equation 5.3 [4,5] is preferred since it includes correction for pore shape and, 
which can be readily measured experimentally.  These equations have therefore been adopted in 
the present work. 
 𝐸 = 𝐸0(1 − 𝑝
2/3)𝑠 5.2 
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1
3 ∗ (1 + (
1
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− 1) ∗ 𝑐𝑜𝑠2∅)1/2 
5.3 
   
In equations 5.2 and 5.3, a is the pore aspect ratio and 𝑐𝑜𝑠2∅ is an orientation factor, equal to 1/3 
where the pore orientation is random. 
This model shows good agreement with data on porous Al2O3 [6].  All of the models presented above 
consider materials where the porosity is homogeneously distributed.  However, it has been 
demonstrated that pore clustering can affect modulus [7].  This was successfully modelled by 
approximating the regions with pore clustering as a second phase and evaluating their modulus 
using an empirical model of the type described above with a very high porosity.  This was then 
combined with modulus of the bulk using a rule of mixtures.  
5.2.3. Quantifying feature distribution in a composite microstructure 
In chapter 4, it was established that the amount of interfacial area between the two composite 
phases is key to determining the densification behaviour of SiC-B4C composites.  The resulting 
microstructure contains both the minor phase and porosity.  The size, spacing, morphology and 
homogeneity of mixing of these phases can all vary in these materials.  While it is possible to 
measure size and morphology of features, as well as the interfacial area between phases, there are 
conditions under which the interfacial area will not represent degree of mixing.  The interfacial area 
was shown to vary with degree of agglomeration in B4C.  It therefore represents degree of mixing 
between particles which are either in contact in agglomerates or dispersed individually in the matrix 
phase.  However, it does not distinguish between features which are randomly distributed or 
clustered while still not touching.  Distributions which can and cannot be distinguished by the 
interfacial area are represented schematically in fig. 5.1.  The amount of interfacial area would 
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effectively separate materials in case (a), but not in case (b).  Thus, there is need for additional 
parameters which can distinguish between materials in the second case, which can complement 
data on inclusion size etc. 
 
 
Fig. 5.1: Schematics illustrating two cases of variable mixing, a) fine powder (left) well dispersed and 
(right) agglomerated and b) powder (left) well dispersed and (right) clustered but not touching. 
The requirement to quantitatively understand the minor phase distribution has long been 
appreciated for Metal Matrix Composites (MMCs).  Clustering of ceramic inclusions in MMCs has 
been linked to lower failure strain [8] and stress concentration in the clusters themselves [9].  One 
study compared the information gained by calculation of mean free path (mfp), Voronoi cells, 
quadrat density, nearest neighbour distance (nnd) and radial distribution function, (rdf) [10].  The 
mfp for B4C particles in a matrix can be calculated according to equation 5.4 [11]. 
 
𝑚𝑓𝑝 = 𝜋
1 − 𝑓𝐵4𝐶
𝑝𝐵4𝐶
𝐴𝑡 
5.4 
   
In equation 5.4, 𝑝𝐵4𝐶  is the total perimeter of B4C features in a given area and 𝐴𝑡 is the area.  While 
this is easy to evaluate, it does not represent the degree of clustering of the B4C features.   
Another method which can be considered is the division of a microstructure into Voronoi cells 
around each second phase inclusion [12].  The perimeter of these cells is defined as being 
equidistant between the inclusion in the cell and the nearest inclusion at all points.  As the centroid 
spacing increases, the mean cell size also increases.  The area fraction of the cells filled by inclusions, 
the cell shapes and size distributions can all be considered.  Further analysis of the cell centroid 
density can produce contour plots of inclusion density over a material surface [13].  However, this 
method does not produce numerical parameters which can be used to readily describe the second 
phase distribution. 
The quadrat method calculates the feature density within defined areas.  The variation in feature 
density across quadrats can therefore be used to characterize overall material inhomogeneity.  The 
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choice of quadrat size must be chosen appropriately to assess material inhomogeneity [14,15].  
However, it is hard to quantify both the spacing of features and the scatter using the quadrat 
method and is therefore not suitable for the present work. 
On the other hand, the rdf has the potential to provide information both about feature spacing and 
homogeneity.  The rdf is a probability function, which can be defined in a number of ways [16-18].  
In general, the rdf defines the probability of there being a centroid within a given annulus of each 
centroid in a sampled area as a function of the radius of the annulus, r, normalized by the centroid 
density over the whole area [10].  Hence, in a homogeneous material, the rdf quickly reaches one as 
r increases past the mean feature size diameter.  A sharp peak indicates a preferential nearest 
neighbour spacing and therefore an inhomogeneous distribution.  The radius of this peak can 
therefore be used to estimate mean feature spacing, and the height can be used to estimate the 
degree of inhomogeneity in the sample.  This is therefore a viable method for characterizing feature 
size distribution in these materials. 
Despite being a less complex parameter, the nnd can also be used in this way.  Unlike the rdf, the 
nnd considers only one feature-feature distance.  Simply determining the mean nnd for B4C features 
a material therefore does not give as much information as the rdf.  However, more information can 
be determined from this by comparing the mean and variance of the nnd to those predicted by a 
Poisson distribution in a 2D plane [19].  For different ratios between experimentally measured and 
Poisson generated values, different conclusions about feature size distribution can be drawn, as 
summarised in table 5.1.  The physical meaning of the variance ratio, the experimental value/poisson 
value, is represented schematically in fig. 5.2. 
Table 5.1: Meaning of relative values of nnd mean and variance to Poisson values. 
Experimental value/Poisson value Meaning 
Mean Variance 
=1 =1 True random distribution 
>1 <1 Ordering - lattice 
<1 <1 Clustering 
<1 >1 Some clusters in a random distribution 
 
 
Fig. 5.2: Schematics representing microstructures with different second phase (white spot) 
distributions. 
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This analysis therefore provides a quick means of determining whether or not features are clustered 
as well as information on the spacing.  The use of nnd analysis to predict material performance has 
also been demonstrated in MMC’s.  In one study nnd variance was correlated with failure load [16].  
There is therefore potential to correlate data from analysis of this type with application properties, 
including ballistic performance.  However, it should be noted that centroid nnd can drop to near the 
inclusion diameter at the percolation threshold.  It has been estimated for perfectly spherical 
inclusions this is reached for 9 vol %, though it is higher for other particle geometries [20].  This 
therefore potentially limits the applicability of nnd analysis for higher wt % B4C. 
5.2.4. Residual thermal stress in composite materials 
Inert inclusions, such as coarse B4C, can exert some stress during sintering.  However, this stress is 
small compared with the residual stress created on cooling after sintering as a result of the 
mismatch between coefficients of thermal expansion [21].  It is important to model this stress, since 
different stress distributions may lead to different failure mechanisms during ballistic events.  While 
stress is expected to depend on particle morphology and this is irregular in materials produced in the 
present work, models typically assume simple geometries.  Since materials of interest here are 
particulate composites, models of thermal stress discussed in this section deal with spherical 
particles.  This allows estimation of the stresses, but limits the usefulness of the models. 
The first model considered is Eschelby’s treatment, which describes solid (B4C) particles in an infinite 
SiC matrix.  This therefore does not consider any effect of particle size or volume fraction in the 
material.  According to this, the radial stress at the interface can be estimated from equation 5.5 
[22]. 
 
𝜎𝑟 =  
(𝛼𝐵4𝐶 − 𝛼𝑆𝑖𝐶) ∗ ∆𝑇
1−2𝑣𝐵4𝐶
𝐸𝐵4𝐶
+
1+𝑣𝑆𝑖𝐶
2𝐸𝑆𝑖𝐶
 
5.5 
 
In equation 5.5, 𝜎𝑟 is the radial stress in the matrix at the particle/matrix interface and 𝛼𝑥, 𝑣𝑥 and 𝐸𝑥 
are the thermal expansion coefficient, Poisson’s ratio, and  Young’s modulus respectively of phase 
‘x’.  As this model does not consider second phase volume fraction, it is of limited use in examining a 
range of composites as have been prepared for the present work.   
To consider the effect of the amount of second phase, the three phase model can be used.  This 
model considers a second phase particle of radius a and a matrix zone around it in which there is 
stress.  This two phase composite is modelled as being in an effective matrix with known properties.  
The size of the stressed matrix zone is determined by the volume fraction of the second phase; the 
radius of the this matrix, b, is such that (
𝑎
𝑏
)
3
= 𝑓𝐵4𝐶 [23].   
Hence, in a material with a higher volume fraction of the second phase, the matrix zone is smaller, 
so the mismatch strain is accommodated in a smaller volume which changes the stress distribution.  
This model is represented schematically in fig. 5.3 [24]. 
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Fig. 5.3: Schematic of the three phase model for residual stress.  A particle of radius a is surrounded 
by a matrix region of radius which is under thermal stress.  This composite is in an unstressed infinite 
“effective” matrix. 
According to the three phase model, particles will exert both a radial stress, 𝜎𝑟 , and hoop stress, 𝜎𝜃 
in the matrix, respectively given by equations 5.6 and 5.7 [24]. 
 
𝜎𝑟 = (𝑓𝐵4𝐶 − (
𝑎
𝑟
)
3
)
𝛾
1 − 𝑓𝐵4𝐶
 
5.6 
 
 𝜎𝜃
= (𝑓𝐵4𝐶 +
1
2
∗ (
𝑎
𝑟
)
3
)
𝛾
1 − 𝑓𝐵4𝐶
 
5.7 
 
In equations 5.6 and 5.7, a is the radius of the second phase particle and r is the distance from the 
centre of the particle.  To calculate the stress in the matrix, r must hence be between a and b.  
Additionally, 𝛾 is a factor dependent on material properties and temperature change, shown in 
equation 5.8. 
 
𝛾 =  
12(1 − 𝑓𝐵4𝐶) ∗ 𝐾𝐵4𝐶𝐾𝑆𝑖𝐶𝐺𝑆𝑖𝐶 ∗ (𝛼𝑆𝑖𝐶 − 𝛼𝐵4𝐶) ∗ ∆𝑇
3𝐾𝐵4𝐶𝐾𝑆𝑖𝐶 + 4𝑓𝐵4𝐶𝐾𝐵4𝐶𝐺𝐵4𝐶 + 4(1 − 𝑓𝐵4𝐶)𝐾𝑆𝑖𝐶𝐺𝑆𝑖𝐶
 
5.8 
 
In equation 5.8, 𝐾𝑆𝑖𝐶and 𝐺𝑆𝑖𝐶  are the bulk and shear moduli of SiC, respectively.  Using standard 
relationships between physical constants 𝛾 can also be written in terms of E and , as shown in 
equation 5.9. 
 
𝛾 =  
𝐸𝐵4𝐶𝐸𝑆𝑖𝐶
2
(1+𝑣𝑆𝑖𝐶)(1−2𝑣𝑆𝑖𝐶)(1−2𝑣𝐵4𝐶)
∗ 2(1 − 𝑓𝐵4𝐶) ∗ (𝛼𝑆𝑖𝐶 − 𝛼𝐵4𝐶) ∗ ∆𝑇
𝐸𝐵4𝐶𝐸𝑆𝑖𝐶
3(1−2𝑣𝑆𝑖𝐶)(1−2𝑣𝐵4𝐶)
+
2𝐸𝐵4𝐶
2∗𝑓𝐵4𝐶
(1+𝑣𝐵4𝐶)(1−2𝑣𝐵4𝐶)
+
2𝐸𝑆𝑖𝐶
2∗(1−𝑓𝐵4𝐶)
(1+𝑣𝑆𝑖𝐶)(1−2𝑣𝑆𝑖𝐶)
 
5.9 
 
Comparing equations 5.6 and 5.7, the radial and hoop stresses will always be of opposite magnitude.  
Thus, with a tensile radial stress at the interface, there will be compressive hoop stress and visa 
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versa.  Given that 𝛼𝐵4𝐶 > 𝛼𝑆𝑖𝐶, the radial stress will be tensile, and therefore potentially more 
important to failure behavior.  This is largest at the interface between particle and matrix, where r=a 
and 0 where r=b.  It should be noted that this analysis ignores the effects of percolation, which 
would not be valid for a microstructure with perfect spherical inclusions at the higher 𝑓𝐵4𝐶  values 
shown.  Additionally, while it does consider the volume fractions of each phase, it consideres 
particles in isolation and therefore does not model, for example, the effect of particle spacing on the 
stress gradients resulting from thermal stress in an actual two phase material. 
An important consideration for these materials is the threshold at which the thermal stress will give 
rise to cracking.  A material which has little residual stress, a material in which thermal stress 
cracking has already occurred and a material in which the residual stress is near the threshold at 
which cracking can occur may all show different properties.  One estimate for the strain at which 
cracking may occur is shown in equation 5.10.  In equation 5.10, 𝜑∗ is the grain boundary interface 
strength in J m-2 and 𝑙𝑏 is the length of the interface [25].  For particles in a matrix, this be directly 
proportional to the diameter of the particle 
 
𝜀∗ = (
24 ∗ 𝜑∗
𝐸𝑚 ∗ 𝑙𝑏
 )
2
 
5.10 
 
Both the magnitude of tensile residual stress and the proximity of the resulting strain to the critical 
value at which interfacial debonding occurs may be important to the ballistic performance.  The 
effect that feature size may have on this proximity is discussed further in section 5.4.7 for different 
B4C sizes. 
 
5.3. EXPERIMENTAL METHODOLOGY 
5.3.1. Introduction 
This section lists the specific materials produced for ballistic testing and the means used to 
characterise them not outlined in chapter 3.  Section 5.3.2 describes the selection of material 
parameters for ballistic testing in more detail and provides a full material list.  Section 5.3.3 
describes the methods used to characterise the physical properties of these materials, while section 
5.3.4 describes the methods used to quantify microstructural parameters. 
5.3.2. Materials produced 
As outlined previously, four microstructural parameters have been identified as of potential interest 
in the present study.  Materials have been produced in which each is varied, with other factors held 
as constant as possible.  The four areas identified are; porosity, SiC/B4C ratio, B4C distribution and SiC 
grain size.  The 23 materials produced are summarised in table 5.2.  This includes a brief description 
of each material and the trials to which they are relevant.  Materials were sintered and densities 
were measured as described in chapter 3. 
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Table 5.2: Summary of materials prepared for ballistic trials.  In trial column, key is b = SiC/B4C ratio, 
p = porosity level, d = B4C distribution, g = SiC grain size, c = comparison between different ballistic 
trials. 
             
B4C 
wt % B4C size B4C distribution Description 
Sintering 
temperature / °C % TD Trial 
40 Fine Homogeneous 
98 % TD improved 
processing 2200 97.7 
b,p 
40 Fine Homogeneous 94 % TD under fired 2150 94.1 p,g 
40 Fine Homogeneous 96% TD 2100 96.0 p 
10 Fine Homogeneous 98% TD 2160 97.7 p 
10 Fine Homogeneous 96% TD 2070 96.8 d,p 
10 70 m Homogeneous 96% TD 2150 96.0 d 
10 Fine 100 m granules 96% TD 2130 96.4 d 
30 Fine 100 m granules 97% TD 2150 98.3 d 
30 Fine Homogeneous 96% TD 2150 96.4 d (b) 
10 70 m Homogeneous 96% TD, Industrial  B4C 2150 96.0 d, c 
10 70 m Homogeneous 
96% TD, Alternate 
processing 2150 95.7 
d 
20 Fine Homogeneous 98% TD 2125 98.9 b 
80 Fine Homogeneous 
95 % TD improved 
processing 2200 95.5 
b  
1 Fine Homogeneous Standard SiC 2200 97.5 b,c 
1 Fine Homogeneous Standard SiC 2150 99.0 c 
10 70 m Homogeneous 95 % under fired 2125 95.9 g 
10 70 m Homogeneous 95 % over fired 2200 96.4 g 
40 Fine Homogeneous 94 % TD over fired 2300 95.1 g 
10 Fine 100 m granules 98 % TD fine grain 2125 98.2 g 
10 Fine 100 m granules 
98 % TD 10 vol % 
discontinuous SiC grain 
growth 2165 99.1 
g 
10 Fine 100 m granules 
98 % TD 20 vol % 
discontinuous SiC grain 
growth 2185 99.2 
g 
10 Fine 100 m granules 98 % TD over fired 2200 99.1 g 
5 7 m Homogeneous 7 um grain size 2165 99.2 replica 
 
To test the effects of SiC grain size and size distribution, three sets of materials have been produced, 
each with a different composition, and wt % B4C or distribution.  Within each material, % TD has 
been kept constant.  Testing the effect of grain size in multiple materials should increase confidence 
in any trend observed between grain size and performance.  In materials showing discontinuous 
grain growth, vol % of discontinuous SiC grain growth has been estimated as described in chapter 3.  
As discussed in chapter 4, a lower C content was used in these materials to enable a greater degree 
of discontinuous grain growth.  In the fine grained material to be compared with these, a higher C 
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content was used.  Lower C content was also used in over- and under- fired materials with coarse 
B4C to facilitate grain growth.  As for materials in chapter 4, approximately 2.5 wt % and 5 wt % C 
were used for ‘low’ and ‘high’ levels respectively. 
Other materials have been prepared to test aspects identified as important but outside the scope of 
the four primary areas.  The first material is a repeat of the ‘standard SiC’ made by the same 
processing route as the other materials.  This should allow testing of consistency between different 
batches of ballistic trials.  The material with 10 wt % coarse B4C has also been replicated.  A variant 
on this material using a simpler alternative processing route has also been produced.  This may 
facilitate future larger scale production if the trial is successful.  Finally, a material previously 
produced for Dstl by SPS has been replicated as closely as possible by pressureless sintering.  Since a 
mean grain length of approximately 7 m was required, compared with 1 m starting powder size, 
this material also used a lower C content. 
5.3.3. Physical property testing 
Hardness was calculated from both Knoop and Vickers indentation.  Knoop hardness was 
determined as outlined in chapter 3.  In addition, for each material the number of failed Knoop 
indents required to produce the five valid indents used to determine the hardness of the material at 
each load was recorded.  The failure % of indents for each material at each load was then calculated 
from the number of failed indents divided by the total indents made, both failed and successful. 
Vickers hardness was evaluated using a Leitz Miniload F301, at three applied loads; 2 N, 5 N and 
20 N.  Indents were assessed for validity and measured in accordance with ASTM E384 using a 
micrometer type graticule.  The radial cracks were measured for each indent at the two higher loads, 
where they were not split or not initiated clearly at the tip of the corner.  The hardness in GPa was 
calculated according to equation 5.11 
 
𝐻𝑣(𝐺𝑃𝑎) =
0.1891 ∗ 𝐹
(
𝑑1+𝑑2
2
)
2  
5.11 
In equation 5.11, d1and d2 are the primary diagonals of the indent in mm and F is the applied force in 
N. 
To measure Young’s modulus, bars of material were cut from ballistic tiles, giving length 50 mm and 
height 8 mm, with width set by the cutter as approximately 5 mm.  Modulus was calculated from 
longitudinal resonant frequency, measured by a HP3577A network analyser and Erudite Electrostatic 
Unit.  The formula used is given in equation 5.12: 
 
𝐸(𝐺𝑃𝑎) =
4 ∗ 𝑞2 ∗ 𝐿2 ∗ 𝜌
1 ∗ 109
 
5.12 
  
In equation 5.12, q is the longitudinal resonant frequency in Hz, L is the bar length in m and is the 
density in kg m-3.   
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5.3.4. Defect analysis 
To quantify both B4C features and porosity, automated analysis of SEM images was used. 
B4C feature sizes were analysed using BS SEM images of polished surfaces.  Five representative 
micrographs were used for each material.  A magnification of x100 was used for coarse B4C features, 
and x400 was used for finer B4C features.   
Pores were analysed using SE SEM images of fracture surfaces produced by controlled three point 
bend fracture of notched specimen bars.  On a given image a ‘pore’ was taken to be any feature 
which appeared black or near black on an image, especially those with a bright fringe, indicating that 
the feature has an edge at a different orientation to the plane of the specimen.  Given the presence 
of relatively small pores, x1000 magnification images were used.  In order to consider the large 
defects which may be important during fragmentation, the longest 10 % of pores were selected and 
the mean length of these taken.  In addition to this, the number density and mean size of pores 
above three sizes, 1 m, 2 m and 5 m, were recorded.  This allows the shape of the pore size 
distribution to be considered. 
For both B4C features and pores the main length, aspect ratio and area of each feature was 
measured by appropriate thresholding using the Clemex VisionLite software.  The total area % of 
features and their number density was also recorded.  For B4C feature size, additional image analysis 
was conducted using the ImageJ software, using the nnd macro.  This uses the ‘find maxima’ 
function to identify B4C feature centroids.  The macro then uses these to calculate the appropriate 
parameter from a given micrograph.  Five representative micrographs were analysed in this way. 
SiC grain size measurement and determination of the vol % discontinuous grain growth were 
conducted as described in chapter 3.  In addition to this, since it seems likely that large defects 
would be significant to the ballistic performance of the ceramics, the largest grain size on five 
representative x200 micrographs were recorded. 
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5.4. RESULTS AND DISUCSSION 
5.4.1. Introduction 
The materials shown in table 5.2 have all been analysed as described in section 5.3.  This section 
outlines the physical and microstructural properties of each.  Sections 5.4.2, 5.4.3 and 5.4.4 all 
consider the microstructural parameters measured.  Section 5.4.2 describes the quantification of 
porosity of materials, section 5.4.3 considers the B4C features and section 5.4.4 discusses grain sizes.  
Sections 5.4.5 and 5.4.6 consider physical properties; hardness and toughness and Young’s modulus 
respectively.  Finally, section 5.4.7 considers different ways of understanding residual thermal 
stresses arising in these materials as a result of densification. 
5.4.2. Pore analysis 
The area % of porosity in SE SEM micrographs were determined based on the area of each individual 
pore measured by the image analysis software as described in section 5.3.  Assuming porosity is 
isotropic, these values may be assumed to be equal to the total vol % porosity.  Isotropy may be 
assumed since examined fracture surfaces take different sections through the tested materials and 
demonstrate similar results.  They are plotted as a function of the porosity determined by the 
Archimedes method in fig. 5.5. 
 
Fig. 5.5: Plot showing mean pore area % measured from micrographs as a function of vol % porosity 
estimated as (100 - material % TD) determined from density and rule of mixtures calculation.   
Fig. 5.5 shows that for the materials analysed, as the vol % porosity calculated from % TD increases 
the measured pore area % also increases.  In general, more points show lower measured area % 
than calculated vol %, suggesting that in some cases not all pores are being selected.  However, 
there appears to be reasonable general agreement between porosity estimated by each method, 
given experimental error.  This suggests that the image analysis program used to identify pores 
includes most pores.  Hence, the data obtained on these pores can be considered representative for 
the materials.  Deviations occur where the total amount of porosity is generally higher, with the 
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estimation of pore fraction from the Archimedes method (i.e. % TD) giving a larger value.  The 
Archimedes method is likely to be the more accurate method, since it interrogates a larger material 
volume and materials tested are relatively pure.  Therefore, it seems probable that for highly porous 
materials, the measurement of porosity from micrographs is not considering a sufficient fraction of 
the material to accurately represent porosity.  This may result from the degree of porosity arising 
from a low number density of extremely large pores which may not be included in a sample area. 
The mean length of the longest 10 % of pores for some materials selected for ballistic testing with 
different types of B4C addition are shown in fig. 5.6. 
 
Fig. 5.6: Plot showing the mean length of the longest 10 % of pores as a function of the total pore 
area as estimated from micrographs. 
Fig. 5.6 shows that a higher degree of total porosity tends to give larger ‘large’ pores.  The coarse B4C 
features tend to give noticeable large pore like features, especially around the B4C features.  These 
may be the result of residual thermal stress, as discussed in section 5.2.4 and further evaluated in 
section 5.4.7, an example can be observed in fig. 5.7.  These features do not form in the same way as 
large pores in the bulk material and may form due to debond cracking during cooling, but are still 
void regions in the material. 
 
Fig. 5.7: SE SEM micrograph showing the fracture surface of a composite with 10 wt % coarse B4C. 
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An additional measurement considered was the number density of pores above three arbitrarily 
selected main lengths.  The mean main lengths of the pores above each size were also recorded, to 
give information about the shape of the distribution.  The results for the materials prepared for 
ballistic testing are shown in table 5.3. 
Table 5.3: Mean size and number density of larger pores of materials prepared for ballistic testing 
 
Table 5.3 also shows a higher number density of large defects associated with both higher total 
porosity (and therefore lower % TD) and especially with coarse B4C.  Where materials show very high 
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% TD, almost no larger pores exist.  Additionally, in cases where otherwise identical materials have 
been produced at two temperatures, there are generally larger pores and these pores show higher 
number density.  This indicates general microstructural coarsening occurs in these materials, in 
addition to increased grain growth. 
5.4.3. B4C feature analysis 
As discussed in section 5.2, the distribution and size of the second phase in a composite can be 
considered in a number of ways.  In all but one material prepared for ballistic testing, B4C is the 
minor phase.  It is therefore convenient to analyse the B4C features.  The B4C feature sizes in 
materials designed to test the effect of SiC:B4C ratio and B4C distribution are shown in fig. 5.8 and 
fig. 5.9 respectively. 
 
Fig. 5.8: Plot showing mean B4C feature size as a function of wt % B4C in materials with fine, 
homogeneous B4C, designed to test the effect of B4C content on ballistic performance. 
 
Fig. 5.9: Chart showing mean B4C feature size in materials, with 10 wt % B4C dispersed in three ways, 
designed to test the effects of B4C distribution on ballistic performance. 
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Fig. 5.8 and 5.9 show that a range of B4C sizes have been produced in these materials.  In fig. 5.8 it 
appears that in materials with fine, well dispersed B4C, the mean B4C feature size increases from 
materials with 10 wt % to those with 40 wt % fine B4C.  This is because as material wt % B4C increase, 
the B4C starts to form a continuous network.  Thus, there are more contacts between B4C features, 
leading to longer effective continuous features measured by the image analysis software.  Material 
with 80 wt % B4C is not shown as here the B4C forms a continuous network, so the B4C ‘feature size’ 
would be experimentally limited and so not be meaningful. 
Fig. 5.9 shows that the mean size of the agglomerates of fine B4C and coarse B4C are two orders of 
magnitude higher than the feature size with fine, homogeneous B4C, as expected.  Further, the size 
of the coarse B4C particles and the agglomerates of fine B4C are similar, as expected.  However, the 
agglomerates are slightly larger, though not significantly given experimental error. 
As discussed in section 5.2, while direct measurement of B4C feature size and number density does 
not represent the degree of clustering of the second phase, analysis of the nnd does.  The mean and 
variance of the nnd of B4C features for different materials can be compared with those generated for 
theoretical Poisson distributions of features of similar vol %.  The nnd mean and variance for 
particles dispersed according to this distribution can be calculated from equations 5.13 and 5.14 
respectively.  This requires the feature number density in m-2, which was measured experimentally 
for all materials.  The calculated values are compared with the experimental values for all materials 
prepared for ballistic testing in table 5.4. 
 
𝑀𝑒𝑎𝑛 =
1
2√𝑛𝑢𝑚𝑏𝑒𝑟 𝑑𝑒𝑛𝑠𝑖𝑡𝑦
 
5.13 
 
 
𝑉𝑎𝑟𝑖𝑎𝑛𝑐𝑒 =
4 − 𝜋
4𝜋 ∗ 𝑛𝑢𝑚𝑏𝑒𝑟 𝑑𝑒𝑛𝑠𝑖𝑡𝑦
 
5.14 
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Table 5.4: Comparison of the B4C feature nnd mean and variance measured experimentally and 
calculated for a Poisson distribution in materials produced for ballistic testing. 
 
As seen in table 5.4, the mean spacing of the B4C features for all materials is comparable to, or 
slightly larger than that for a Poisson distribution.  For finer B4C, the experimental variance is 
comparable with the Poisson value, suggesting true random distribution.  However, in some 
materials the variance in the experimentally measured variance is larger than the Poisson value.   
Materials with agglomerates of B4C, which were produced by dry blending, show the largest 
experimental variance compared with the Poisson value.  Materials with coarse B4C show a slightly 
larger experimental variance than the Poisson value, except the material produced by alternate 
processing.  High the experimentally measured nnd variance compared with the Poisson derived 
estimates may indicate some degree of clustering.  However, with clustered features a reduced 
mean nnd would be expected [26].  The higher mean may result from geometric factors, since 
inclusions are not perfectly circular or equally sized.   
Also in table 5.4, it appears that the mean nnd for B4C features increases as the wt % B4C increases 
and the feature size decreases.  This is because both depend on the centroid-centroid distance, as 
discussed in section 5.2.  More features will result in closer centroids, while smaller features reduce 
the theoretical minimum spacing.  As a result of this, with 40 wt % B4C, the mean nnd is comparable 
to the particle d50.  This suggests the material is dispersed on a near particle-particle level.  In a 
material with this level of dispersion, to get from one centroid to the next nearest, two radii of the 
B4C are crossed, along with one diameter of the SiC, so the nnd would be similar to twice the d50.  
A potential source of error in this analysis is the identification of B4C feature centroids using the find 
maxima tool, as described in section 5.3.  This identifies multiple maxima on continuous B4C 
features, as observed in materials with higher vol % fine B4C.  Therefore, the nnd values for these 
B4C wt % B4C size B4C distribution Description % TD Mean / m Variance / m
2 Mean / m Variance / m2
40 Fine Homogeneous 97.7 5.0 3.7 4.2 4.7
40 Fine Homogeneous 94.1 3.8 1.8 3.0 2.5
40 Fine Homogeneous 96.0
10 Fine Homogeneous 97.7 4.3 1.9 3.4 3.1
10 Fine Homogeneous 96.8 3.9 1.8 3.2 2.8
10 70 m Homogeneous 96.0 47 552 42 474
10 Fine 100 m granules 96.4 47 787 45 549
30 Fine 100 m granules 98.3 46 751 43 506
30 Fine Homogeneous 96.4 3.9 1.7 3.0 2.5
10 70 m Homogeneous Industrial  B4C 96.0 48 452 42 478
10 70 m Homogeneous Alternate processing 95.7 53 661 45 565
20 Fine Homogeneous 98.9
80 Fine Homogeneous 95.5 4.4 2.2 3.5 3.3
1 Fine Homogeneous Standard SiC 97.5
1 Fine Homogeneous Standard SiC repeat 99.0
10 70 m Homogeneous Under fired 95.9 46 391 39 425
10 70 m Homogeneous Over fired 96.4 46 416 39 418
40 Fine Homogeneous Over fired 95.1 5.9 7.0 5.5 8.2
10 Fine 100 m granules Fine grained 98.2
10 Fine 100 m granules 10 vol % discontinuous SiC 99.1 50 1014 51 704
10 Fine 100 m granules 20 vol % discontinuous SiC 99.2
10 Fine 100 m granules Over fired 99.1 52 1005 51 704
5 7 m Homogeneous 7 um grain size 99.2 10 19 8.4 19.1
Experimental nnd Poisson 
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materials may be less reliable than those for materials with lower vol % of fine B4C features.  In this 
case nnd analysis may not distinguish between materials. 
5.4.4. Grain size analysis 
The effects of sintering temperature on mean grain size and GSD are shown in fig. 5.10. 
 
 
Fig. 5.10: Plots showing a) mean grain length and b) area % discontinuous grain growth, as a function 
of sintering temperature in materials designed to test the effect of grain size on ballistic 
performance. 
Fig. 5.10 a) shows that a range of mean grain sizes have been achieved.  However, in the materials 
designed to test the effect of discontinuous SiC grain growth, the mean largest grain size is 
comparable.  This shows that the matrix grain size is roughly constant, since the number density of 
these grains is far higher than the large grains so they more strongly affect the mean size.   
On the other hand, fig. 5.10 b) shows that the % discontinuous grain growth in the different 
materials varies significantly.  Further, in materials with controlled amounts of discontinuous grain 
growth, the values are close to the designed values, given experimental error.   
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The two SiC control materials show distinctly different grain structure, as demonstrated in fig. 5.11.  
The first material produced, does not show discontinuous grain growth, but instead shows more 
uniformly large grains with lower aspect ratios than the discontinuous grains.  The repeat material 
shows typical discontinuous grain growth.  This is reflected in the measured mean grain size and 
mean largest grain size on five representative micrographs.  The mean grain sizes are 6 m and 2 m 
for the initially produced material and the repeat, respectively, while the mean largest are 45 m 
and 84 m respectively.  This is effect was not observed in other materials of which a repeat was 
produced.  The effect of this difference on ballistic performance is discussed in chapter 6. 
 
Fig. 5.11 Standard SiC materials, (left) first produced and (right) repeat. 
5.4.5. Hardness and toughness of materials 
Fig 5.12 shows the Knoop and Vickers hardness at the different applied loads as a function of % TD 
for all materials prepared for ballistic testing. 
In fig. 5.12, as expected there is a general trend that material hardness increases as % TD decreases.  
However, given experimental error, material hardness does not appear to increase with material % 
TD above about 96 % TD.   
Fig. 5.12 also shows the hardness values for different materials change with applied load, as 
expected.  The effect of load on hardness can be used to characterise the effects of changing 
different microstructural parameters.  Fig. 5.13 shows the effect of SiC/B4C ratio on Knoop hardness. 
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Fig. 5.12: Plot showing hardness of materials at a) 5N and b) maximum tested load used as a function 
of material % TD. 
 
Fig. 5.13: Plot of Knoop hardness as a function of load for materials with equal % TD and different 
SiC/B4C ratios. 
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Fig. 5.13 shows a general trend for Knoop hardness to drop across the load range as the SiC/B4C ratio 
decreases.  This is contrary to expectations, since B4C is typically harder than SiC.  The reduction in 
hardness is especially pronounced at higher loads.  This may be due to local amorphisation in the B4C 
reducing hardness under the applied pressure. 
The effect of grain size on hardness can also be considered.  Fig. 5.14 shows plots of Vickers 
hardness as a function of load for two pairs of materials designed to investigate the effect of grain 
size on ballistic performance. 
 
Fig. 5.14: Plots of Vickers hardness as a function of applied load for a) 40 wt % fine B4C and b) 10 wt 
% coarse B4C.  All materials show approximately 96 % TD. 
Both fig. 5.14 a) and b) show that given experimental error, at low loads the hardness of coarse and 
fine materials are comparable.  However, the higher loads at which hardness is measured are 
potentially more representative because they interrogates the largest volume of material and hence 
are more likely to engage material defects such as pores, B4C features and grain boundaries.  At 
higher loads, the coarse materials are appreciably softer; they do not retain hardness.  This trend 
may affect ballistic performance. 
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While literature surveyed in chapter 2 suggests that hardness is more likely to correlate with ballistic 
performance, toughness is also identified as a possible property of interest.  Fig. 5.15 shows 
measured material toughness as function of wt % B4C in materials with fine, homogeneous B4C.  This 
shows that toughness does not vary significantly across the range, compared with materials of other 
types.  However, there does appear to be a definite peak around 20 wt % B4C, as is predicted for 
particulate re-enforced composites [27].  Discontinuous grain growth in LPS materials has also been 
identified as a means of improving material toughness [28].  Hence, fig. 5.16 shows toughness as a 
function of the amount of long grain growth.  While these materials are not produced by LPS, they 
still appear to show a peak in toughness around 10-20 vol % discontinuous grain growth.  However, 
as with wt % B4C, this is a small effect.  Finally, toughness may be relevant in materials sintered to 
96 % TD produced with 10 wt % B4C dispersed in three ways.  Materials with fine, homogeneous B4C, 
coarse homogeneous B4C and agglomerates of fine B4C all showed comparable toughness, around 
3.8 MPa m-1/2.  This property can therefore not be directly linked with any difference in ballistic 
performance. 
 
Fig. 5.15: Fracture toughness as a function of wt % B4C in materials with fine, homogeneous B4C. 
 
Fig. 5.16: Fracture toughness as a function of % discontinuous grain growth in materials designed to 
determine the effect of grain growth on ballistic performance. 
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5.4.6. Young’s Modulus analysis 
Determining the modulus of prototype materials in the present investigation may help to 
understand links between modulus and performance.  Further, understanding and predicting the 
values of material modulus may enable more information on ballistic performance to be obtained 
from modulus data.  The Young’s modulus values for materials prepared for ballistic testing are 
presented in table 5.5.   
Table 5.5: Summary of modulus data for materials prepared for ballistic testing. 
            
B4C wt 
% 
B4C 
size B4C distribution Description 
% 
TD E / GPa 
40 Fine Homogeneous   97.7 395 
40 Fine Homogeneous 94.1 329 
40 Fine Homogeneous 96.0  
10 Fine Homogeneous 97.7 482 
10 Fine Homogeneous 96.8 387 
10 70 m Homogeneous 96.0 374 
10 Fine 100 m granules 96.4 373 
30 Fine 100 m granules 98.3 399 
30 Fine Homogeneous 96.4 380 
10 70 m Homogeneous Industrial  B4C 96.0 382 
10 70 m Homogeneous Alternate processing 95.7 361 
20 Fine Homogeneous 98.9  
80 Fine Homogeneous 95.5 421 
1 Fine Homogeneous Standard SiC 97.5 399 
1 Fine Homogeneous Standard SiC repeat 99.0  
10 70 m Homogeneous Under fired 95.9 372 
10 70 m Homogeneous Over fired 96.4 369 
40 Fine Homogeneous Over fired 95.1 393 
10 Fine 100 m granules Fine grained 98.2 404 
10 Fine 100 m granules 10 vol % discontinuous SiC 99.1 420 
10 Fine 100 m granules 20 vol % discontinuous SiC 99.2 413 
10 Fine 100 m granules Over fired 99.1  
5 7 m Homogeneous 7 um grain size 99.2 420 
 
These moduli should be understood in terms of the microstructure, including both second phase 
fraction and porosity.  To estimate the pore free modulus of a composite, a Maxwell rule of mixtures 
has been adopted, as shown in equation 5.15.   
 𝐸𝑡𝑜𝑡 = 𝐸1𝑓1 + 𝐸2(1 − 𝑓1) 5.15 
   
In equation 5.15, 𝐸1 and 𝐸2 are the moduli of two phases respectively and 𝑓1 is the volume fraction 
of the first phase.   
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However, as discussed in section 5.2, porosity is also important for predicating material modulus.  To 
estimate the modulus of a porous material according to equation 5.2, it is necessary to calculate s, 
according to equation 5.3.  For this, the mean aspect ratio of the pores was estimated to be 3, based 
on data gathered on the pore size.  The pores were assumed to be isotropic, so 𝑐𝑜𝑠2∅ was assumed 
to equal 1/3. 
Two models have been considered to account for the effect of porosity on the.  Both models are 
represented schematically in fig. 5.17.   
a)   
b)  
Fig 5.17: Schematic diagrams representing a) homogeneous pore model and b) B4C pore localised 
model of composite materials.  In each diagram, white represents the SiC matrix, dark grey the B4C 
features and black the pores.  Light grey represents and approximate phase, the modulus of which 
has been estimated by either rule of mixtures or porosity calculation. 
The first model, fig. 5.17 a) considers porosity as a homogeneous distribution through the material, 
with equal porosity in each phase.  The pore free modulus of the material is estimated using 
equation 5.13 based on the volume fractions of SiC and B4C.  The porosity correction in equation 5.2 
is then applied, using the pore free rule of mixtures value as 𝐸0.   
The second model, fig. 5.17 b) assumes that the porosity is associated with B4C.  In the present 
materials, if all the porosity were isolated in B4C regions, the pore fraction in the B4C, 𝑝𝐵4𝐶, would be 
related to the overall porosity 𝑝 by equation 5.16.  The porosity correction, equation 5.2 can be 
applied to the B4C using 𝑝𝐵4𝐶  for the pore volume fraction and 𝐸𝐵4𝐶  as 𝐸0,.  This models the pores 
and B4C as a single homogeneous weaker phase, with modulus defined as 𝐸𝑚𝑜𝑑 𝐵4𝐶.  A rule of 
mixtures calculation can then be applied between this and the SiC matrix, assumed to be non-
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porous.  However, for low B4C fractions and relatively high porosity, the pore volume must be 
accounted for, since 𝑓𝐵4𝐶 , and the volume fraction of pores, 𝑝, are comparable.  Equation 5.15 is 
therefore modified to equation 5.17 to estimate the total material modulus.  This approach is similar 
to that used for pore clustering in Al2O3 [7].  The assumption of pore localisation has been made 
based on large pores observed around coarse B4C features, as discussed in section 5.4.2.  Further, in 
materials with a good inter-dispersion of fine B4C, the SiC/B4C interfaces seem to show lower driving 
force for densification, as discussed in chapter 4.  Hence there is more likely to be porosity where 
there are B4C particles.   
 𝑝𝐵4𝐶 =
𝑝
𝑓𝐵4𝐶
 5.16 
   
   
 
𝐸𝑡𝑜𝑡 = 𝐸𝑆𝑖𝐶
1 − 𝑓𝐵4𝐶
1 + 𝑝
+ 𝐸𝑚𝑜𝑑 𝐵4𝐶
𝑓𝐵4𝐶 + 𝑝
1 + 𝑝
 
5.17 
   
The values predicted for Young’s modulus of composite materials as a function of pore volume 
fraction by the two models are compared with experimental data in fig. 5.18.  Theoretical moduli 
were taken to be 420 GPa and 460 GPa for SiC and B4C respectively [29,30]. 
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Fig. 5.18: Plot showing Young’s Modulus as a function of pore volume fraction based on 
measurement of material samples and calculated based on different models. 
As can be seen in fig. 5.18, there is generally good agreement between the measured values and the 
predicted modulus range, except for the material with 80 wt % B4C.  The model with pores localised 
in and around B4C tends to provide an upper bound estimate and the homogenous pore model 
provides a lower bound.  This suggests that while there is some pore localization in these materials, 
it is not complete.  Hence the stiffness of both phases is affected by porosity, but in some cases the 
degree of localisation is greater.  For low porosity levels, the models and experimental data all 
converge on the values predicted by simple two phase approximations.  In most materials selected 
for ballistic testing, SiC is the major phase and so contributes more to the overall modulus.  Hence, 
since the B4C localised model assumes the SiC matrix retains the theoretical maximum stiffness, the 
predicted stiffness is higher.   
The material with 80 wt % B4C does not fit with either of the experimental models as shown on 
fig. 5.18.  In this material B4C is the major phase.  Thus to model the higher probability of pores 
forming at SiC/B4C interfaces, it is more appropriate to apply the pore localisation model to the SiC, 
the minor phase.   This predicts a modulus of 417 GPa, which is in good agreement with the 
measured modulus of 421 ± 5 GPa. 
 
5.4.7. Residual stress analysis 
As shown in chapter 4, for a given volume fraction of B4C large B4C features can aid densification by 
reducing SiC/B4C interfacial area.  However, B4C features also give rise to thermal mismatch stress as 
a result of cooling after sintering.  In most materials produced for the present study, B4C is included 
as particles in a matrix.   B4C has a higher coefficient of thermal expansion than SiC, so for a B4C 
inclusion in a SiC matrix, there is a tensile stress at the interface.   
The stresses at the particle/matrix interface have been approximated using the three models, given 
in section 5.2.4.  The material physical property data used to estimate the stresses is shown in 
table 5.6. 
Table 5.6: Physical constants used to estimate residual thermal stress around B4C inclusions in a 
composite. 
      Value    
Property Symbol Unit SiC B4C References 
Young's modulus E Pa 4.20E+11 4.60E+11 
[29,30] 
Poisson's ratio   0.185 0.2  
Coefficient of thermal expansion Α K-1 5.70E-06 6.00E-06 
[31] 
Bulk modulus K Pa 2.20E+11 2.30E+11 
[32,33] 
Shear modulus G Pa 1.79E+11 1.95E+11 
[34,35] 
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The residual thermal stresses predicted by Eschelby’s model and both forms of the three phase 
model, for both 10 wt % and 40 wt % B4C composites are shown in fig. 5.19.  It should be noted that 
the three phase model predicts that the tensile stress at the interface will decrease as 𝑓𝐵4𝐶 
increases.  In the limiting case, where 𝑓𝐵4𝐶 is high, the layer of ‘effective matrix’ SiC around it 
becomes thin and the relative curvature of the B4C particle is reduced.   
 
Fig. 5.19: Plot showing tensile residual thermal stress as a function of estimated temperature drop 
on cooling for 10 and 40 wt % B4C composites 
From fig. 5.19, it can also be observed that the modified three phase model predicts the highest 
thermal stresses in the material.  This model is therefore tentatively identified as the most suitable 
in this investigation, since the true stresses in the materials are likely higher due to stress 
concentrations resulting from irregular morphology. 
In the present analysis, the T is assumed to be constant at 2000 oC.  Sintering temperatures used in 
this trial vary between 2000 oC and 2200 oC.  The assumption is considered valid since residual stress 
depends linearly on T, the 10 % change does not seem likely to be significant.  Further, cooling rate 
was controlled in all materials.  It is possible that residual atomic mobility reduces residual thermal 
stress caused by cooling above a certain temperature, for example that at which the onset of 
sintering occurs.  In this case, all materials are subject to approximately equal T.  Critically, this 
analysis also assumes that the CTE of the materials is constant across the whole temperature range.  
This is not the case, so the values for the stresses present which are calculated can be no more than 
indicative. 
Since the B4C has a higher CTE than the SiC, the radial stress at the interface will be tensile.  Tensile 
radial stress may cause debond cracks around B4C features; an example is shown in fig. 5.20. 
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a)  
b)  
Fig. 5.20: BS SEM images showing two types of cracking associated with B4C particles; a) at the 
interface of a coarse B4C particle and b) through a B4C agglomerate feature. 
Fig. 5.20 shows two types of cracking observed in and around B4C features.  In fig. 5.20 a) cracking is 
observed around a coarse B4C particle, while in fig 5.20 b) the crack runs through a B4C agglomerate.  
Both of these cracks likely form as a result of thermal stress due to cooling.  In the latter case, the 
B4C feature is weaker than the interface. 
Micro-cracking resulting from inclusion particles has been identified as the principal toughening 
mechanism in composites of both SiC and B4C with TiB2 [36,37].  While cracks are relatively common 
in or around coarse B4C particles, they are rare in materials containing fine B4C or agglomerates.  
This may result from the value of the residual stress relative to the stress required for cracking, as 
discussed below. 
Cracking only occurs where the residual thermal stress is greater than a critical value.  Hence the 
values of residual stress in each case are important, but the difference between this and the critical 
stress at which cracking would occur is also potentially of interest.  From debond cracks in material 
produced with 10 wt % coarse B4C, as shown in fig. 5.20, it can be concluded that the radial tensile 
stress around these features is near the critical value.  Therefore, the stress present in these 
materials, in combination with the estimated flaw size can be used to estimate the inherent SiC/B4C 
interface strength, 𝜑∗.  To do this, an energetics approach to fracture can be used.  For this 
geometry, the energy required to generate the crack can be approximated as shown in equation 
5.18. 
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𝐺 =
𝜎2𝜋𝑐
𝐸𝑆𝑖𝐶
  
 5.18 
 
in which c is the critical flaw size.  This depends on the particle size and can therefore be 
approximated as equal to the particle diameter, d.  Assuming perfectly elastic behaviour, the 
macroscopic energy release in the system can be written as: 
 
𝐺 =
𝜀2𝐸𝑆𝑖𝐶
2
 . 
5.19 
 
At the point of failure, 𝐺∗, the strain can be estimated using equation 5.10, which can be substituted 
into equation 5.19, giving equation 5.20. 
 
𝐺 =
12𝜑∗
𝑑
  
5.20 
 
Equating this with equation 5.18 for a value of stress at which cracking just occurs, and rearranging 
gives an equation 5.21, which defines 𝜑 in terms of known values. 
 
𝜑∗ =
𝜎2𝑑2𝜋
12𝐸𝑆𝑖𝐶
  
5.21 
 
Using 420 GPa for 𝐸𝑆𝑖𝐶  and an estimated residual radial stress of ~280 MPa, based on the modified 
three phase model, the strength of the interface, 𝜑∗, can be estimated as 160 J m-2.   
By rearranging equation 5.21 in terms of 𝜎 and using known 𝜑∗ for a material with different types of 
B4C feature, the critical tensile stress around a feature needed to cause debonding can be estimated.  
To do this, the critical flaw size for the feature type present, d, must be estimated.  The estimated 
critical stress can then be compared with the estimated residual stress.  The difference between 
these for a range of microstructures is plotted in fig. 5.21, which also shows the residual stress as a 
function of the amount of B4C, which is independent of feature size according to the model used.  
Where the difference is large, the stress around the features is much lower than the critical value.  
Thus, with finer features, which give smaller d, a larger external stress would be needed to generate 
debond cracks.  In material with 10 wt % coarse B4C features, the difference is 0, since this was used 
to estimate the critical stress.  This analysis allows ranking of materials in terms of likelihood to 
generate debond cracks.  It would also be useful to rank materials with agglomerate features of B4C 
in this way.  However, multiple approximations for the appropriate d in this case are possible.  In the 
extreme cases, the feature length can be taken as equal to the fine particles themselves, or the 
whole feature.  The latter does not seem likely, or cracking would be expected in the same way as 
with coarse B4C.  The best approximation is likely between these estimates, since different sections 
of the interface may interact with surrounding material differently.  An intermediate case is 
therefore represented on fig. 5.21. 
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This treatment should strictly be regarded as an approximation, given the uncertainties in the 
effective grain length and geometry.  However, it does explain the observation that cracks are far 
more common around the coarse B4C than around fine B4C.   
 
Fig. 5.21: Plot showing residual stress, critical stress and the difference between these for materials 
produced for ballistic testing, assuming T of 2000 oC. 
 
5.5. CONCLUSIONS 
This chapter has considered a range of SiC-B4C which have been produced to test the effects of 
microstructure on ballistic performance.  Both the physical properties and microstructural features 
of the materials have been investigated. 
 Four microstructural parameters have been varied; SiC/B4C ratio, porosity, SiC grain size 
distribution and B4C distribution. 
 Materials show a range of grain size distributions, including both mono-modal and 
discontinuous.  Discontinuous grain growth fractions have been controlled.   
 Materials show a range of pore sizes.  Pore size tends to increase with total porosity.  Larger 
pores can form around coarse B4C features. 
 B4C feature spread can be related to nnd mean and variance, especially by comparing 
experimental values to theoretical values generated from a Poisson distribution. 
 Hardness varies with porosity, but not noticeably beyond about 96 % TD.  Materials with 
higher B4C content and coarser microstructures typically retain hardness less at high loads. 
 Young’s modulus of these materials can be understood by modelling the effect of porosity 
on a two phase microstructure by considering pore localisation. 
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 Appreciable thermal stresses form in these materials as a result of cooling, giving rise to 
cracking in or around B4C features. 
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6. BALLISTIC PERFORMANCE OF SiC-B4C COMPOSITES 
6.1. INTRODUCTION 
6.1.1. Aims of chapter 
This chapter considers the ballistic performance of materials produced and characterised as 
described in chapter 5.  The objectives are to identify which of the materials shows the highest 
performance and to determine to what extent the different microstructures and properties 
measured can be linked to ballistic performance.  These objectives are vital to achieving the overall 
project aims as, currently, only representative ballistic tests can differentiate similar potential 
armour materials effectively.   
Testing materials prepared and characterised as described in chapter 5 allows overall aims to be met 
since these materials display different microstructures which have been quantified.  Thus, any trends 
observed will suggest whether or not each distinct microstructural feature is important.  Promising 
materials can then be identified from these trends. 
Additionally, given that high strain rates may affect crystallography, a preliminary trial was 
conducted on these samples in order to assess whether XRD could be used to quantify any changes.  
This was of interest as an understanding of the crystallographic behaviour of the materials may help 
understanding of ballistic performance.  The first aspect of the crystallography of interest was the 
SiC polytype composition.   Transformation from the 6H to the 4H polytype has been observed by 
Raman spectroscopy in SiC which has been subjected to mechanical work [1].  The second aspect 
was the amount of crystalline B4C, as it has been suggested that high strain rates may give rise to 
local amorphisation [2].  If this occurs to a significant extent, then the measured vol % B4C after 
impact should be lower than the starting vol %.   
6.1.2. Rational of test method adopted  
It was necessary that ballistic testing enabled ranking and comparison of the performance of 
materials.  However, only a finite quantity of each material was available.  Additionally, real world 
system performance is of more interest for developing armour materials.  The V50 method was 
therefore adopted as the system tested, with finite thickness long fibre composite backing, is closest 
to the system deployed as armour. 
Additionally, the use of semi-infinite backing material in DOP testing means that for a total number 
of shots, a large amount of material is needed, e.g. 1 m of clear plastic per shot.  The V50 method 
therefore requires a lower total backing material volume, for a given number of samples allowing 
more material types to be tested readily. 
6.1.3. Outline of remaining chapter 
The remainder of this chapter is split into three sections.  Section 6.2 describes test procedures used 
to obtain ballistic data, section 6.3 presents and analyses the results, including a discussion of the 
validity of the data produced and section 6.4 presents overall conclusions from the chapter. 
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6.2. EXPERIMENTAL METHODOLOGY 
6.2.1. Introduction 
Ballistic testing is still a requirement for effective development of armour materials.  However, it is a 
complex process and data produced depend strongly on the test methodology.  Consideration of the 
exact method used is necessary to interpret data.  Hence, this section describes the procedures used 
to measure and analyse ballistic performance of the tested materials.  Hence, section 6.2.2 describes 
the test methodology and calculation of V50, including means of estimating uncertainty in this value.  
Section 6.2.3 describes the techniques used for fragment capture and analysis. 
6.2.2. Ballistic testing methodology 
To prepare material for ballistic testing, the square samples with sintered side length of 
approximately 50 mm, as described in chapter 3, were ground on both sides to a thickness of 8 mm 
with constant surface finish.  These were bonded to 250 mm X 250 mm X 8 mm S2 glass fibre 
composite backing plates (Permali Gloucester Ltd., UK).  At least ten samples of each material were 
produced in this way and tested.  Ballistic testing was carried out by Ordinance Test Solutions Ltd. 
(Linconshire, UK).  Targets were shot with a 7.62 mm B32 API Mk2 surrogate round fired from either 
30-06 or 300 Win. Mag. cartridges, with projectile velocities between 750 m s-1 and 1050 m s-1 
measured by a light screen system.  Whether or not a shot had perforated was determined by 
placing a sheet of Al foil behind each target and inspecting this after the impact.  The outcome was 
then recorded. 
Using these data, V50 values and standard deviation using automated curve fitting software.  This 
was carried out by Dstl using their Critical Performance Analysis (CPA) package.  This method uses all 
the data points collected to fit estimated probability curves for a given material.  A standard error in 
the given V50 is derived from by considering what range of possible curves fit the available data. 
From both estimates of the V50 and the associated error, a maximum safe impact velocity, termed 
V0, has been estimated, as shown in equation 6.1.  This value is a potentially useful means of 
comparing materials, since dependable ballistic performance is necessary in an effective armour 
system. 
 𝑉0 = 𝑉50 − 3 ∗ 𝐸𝑟𝑟𝑜𝑟  6.1 
 
All materials discussed in chapter 5 were tested in this way.  In addition to these, an initial set of 
materials designed to investigate the effect of SiC:B4C mass ratio were produced and tested.  These 
materials were produced as described in chapter 3.  However, these were produced with a 
significant known processing defect.  These three materials can therefore not be directly compared 
to the remaining materials in the investigation, which were produced using improved processing.  
Across all materials, testing was carried out in two batches, at different times.  Materials tested in 
each batch are shown in table 6.1.  Batch ‘1’ included all materials produced with the processing 
defect, as indicated in the description in table 6.1 but also included materials deemed successful. 
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Table 6.1: Materials tested according to methodology described, with test batch ‘1’ or ‘2’ indicated. 
          
B4C wt % B4C size B4C distribution Description % TD Batch 
40 Fine Homogeneous Processing defect 98 1 
40 Fine Homogeneous Improved processing 97.7 1 
40 Fine Homogeneous  94.1 2 
40 Fine Homogeneous  96.0 2 
10 Fine Homogeneous  97.7 2 
10 Fine Homogeneous  96.8 2 
10 70 m Homogeneous  96.0 1 
10 Fine 100 m granules  96.4 1 
30 Fine 100 m granules  98.3 2 
30 Fine Homogeneous  96.4 2 
10 70 m Homogeneous Coarse B4C repeat 96.0 2 
10 70 m Homogeneous Alternate processing 95.7 2 
20 Fine Homogeneous Processing defect 98.0 1 
20 Fine Homogeneous Improved processing 98.9 2 
80  Homogeneous Processing defect 94.1 1 
80 Fine Homogeneous Improved processing 95.5 2 
1 Fine Homogeneous Standard SiC 97.5 1 
1 Fine Homogeneous Standard SiC repeat 99.0 2 
10 70 m Homogeneous Under fired 95.9 2 
10 70 m Homogeneous Over fired 96.4 2 
40 Fine Homogeneous Over fired 95.1 2 
10 Fine 100 m granules Fine grained 98.2 2 
10 Fine 100 m granules 10 vol % discontinuous SiC 99.1 2 
10 Fine 100 m granules 20 vol % discontinuous SiC 99.2 2 
10 Fine 100 m granules Over fired 99.1 2 
5 7 m Homogeneous 7 um grain size 99.2 2 
40 Fine Homogeneous Repeat improved processing 98.0 2 
 
6.2.3. Fragment capture and analysis 
To assess the effect of ballistic impact on crystallography, XRD and Rietveld refinement were carried 
out before and after ballistic testing.  To obtain XRD before testing, a section of sample tile was 
polished and measured as described in chapter 3.  To obtain XRD data after impact, it was necessary 
to recover material fragments.  
To generate fragments, a single tile, of a given material type, prepared as described in section 6.2.2 
had a block of ballistic gel cast over it and was penetrated by a 7.62 mm AP round at approximately 
1000 m s-1.  Casting of the ballistic gel and penetration were carried out at Morgan NP (Coventry, 
UK).  Fragments were captured within the block of gel, as shown in fig 6.1.  In addition, the gel was 
taped over the plate and fragments were trapped under it.  It is assumed that smaller fragments are 
more extensively damaged and have been exposed to higher stress rates.  Given that this was a 
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preliminary study, a 250 mm mesh was selected as an appropriate first pass for fragment size to be 
tested in light of this.  The loose fragments were collected and sieved through the selected mesh.   
Fragments passing through the mesh were then analysed by XRD using the same scan cycle as the 
polished samples.  Rietveld refinement was carried out for all XRD data, as described in chapter 3, 
using the same procedure for data from before and after ballistic testing. 
Three different material types were tested in this way. 
 
Fig. 6.1: Example photograph showing captured ceramic and bullet fragments in ballistic gel after 
impact. 
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6.3. RESULTS AND DISUCSSION 
6.3.1. Introduction 
The remainder of this chapter presents the ballistic data obtained and attempts to identify trends 
and materials of particular interest.  Several areas are considered in order to meet project 
objectives. 
Section 6.3.2 two considers the limitations of the V50 data obtained for the tested materials.  This is 
necessary as, while the data does allow differentiation between materials and identification of 
possible trends, multiple sources of error exist in the V50 values.  Section 6.3.3 highlights the 
importance of material processing, based on ballistic performance of materials produced with 
damaged tooling, as discussed in section 6.2.2.  The remaining sections focus on the microstructural 
parameters and properties identified as potentially important to ballistic performance in chapter 5.  
The effect of porosity is discussed in section 6.3.4.  Section 6.3.5 considers the both the amount of 
B4C and its distribution.  In section 6.3.6, the possible role of SiC grain size is examined.  Section 6.3.7 
then examines possible links between V50 data and quasi-static material properties measured since 
understanding these could allow easier material development.  Finally, section 6.3.8 describes the 
preliminary work assessing the effect of a ballistic impact on crystallography.  Crystallographic 
features considered were the polytype composition in SiC and the amount of crystalline B4C.   
6.3.2. Limitations of available V50 data 
Comparison of materials of the same type tested in each batch of ballistic testing, as shown in table 
6.1, suggests that data from the two batches are directly comparable.  Three repeat points were 
attempted, with two showing good agreement within experimental error.  The first pair were 
materials with 10 wt % coarse B4C, which showed V50 values of 990 ± 30 m s-1 and 980 ± 10 m s-1 in 
the first and second batch respectively.  The second pair were materials with 40 wt % homogeneous 
B4C, which showed V50 values of 970 ± 20 m s-1 and 940 ± 20 m s-1 in the first and second batch 
respectively.  The third repeat point, a standard SiC material, showed significantly different 
performance between batches.  However, as discussed further in section 6.3.4, the porosity in these 
materials differed significantly. 
The V50 test has been identified as able to give meaningful data on likely real world performance of 
the tested materials given the amount of material available.  Where curve fitting is successful, it is 
effective for calculating V50 and error in V50 values as it uses all data points available.  However, it 
must be understood that it is a statistical method.  Error in the calculation of V50 by curve fitting can 
result from material inconsistency, factors in the testing such as shot position on a tile and also from 
selection of velocities tested.  For example, where the lowest velocity tested produced a 
penetration, or that the highest was stopped, but the shot in question used the last available 
sample, preventing further investigation.  An event of this type may simply be a statistical outlier, or 
may indicate that the tested velocity range did not cover the whole penetration probability curve 
from 1 % to 99% probability penetration.  Without additional data, it is not possible to distinguish 
these.  In either case, the CPA derived V50 is not reliable.   
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While both material and experimental factors may lead to the high observed errors, it is likely the 
factors are related.  This is because a less consistent material is more likely to produce outliers of the 
type described which cannot be definitely explained.   
 
As a result of these factors, a number of materials in the present study did not give data from which 
a meaningful curve could be fitted.  This resulting in standard error comparable to the range of 
velocities tested, indicating a nonsensical result.  The materials where curve fitting was not effective 
are listed in table 6.2.   
Table 6.2: Materials where curve fitting generated extremely high standard error. 
        From curve fitting 
B4C wt % B4C size B4C distribution Description V50 / m s-1 St. Error 
40 Fine Homogeneous 94 % TD 970 120 
20 Fine Homogeneous Processing defect 830 200 
20 Fine Homogeneous Improved processing 940 110 
10 Fine 100 m granules 10 vol % discontinuous SiC 1030 180 
10 Fine 100 m granules 20 vol % discontinuous SiC 1030 190 
10 Fine 100 m granules Over fired 900 80 
 
Finally, while V50 data for these materials are internally comparable, they cannot be directly 
compared with tiles of other sizes and geometries, since these parameters may have an effect.  
However, it has been demonstrated that larger tiles will give higher ballistic performance [4].  V50 
testing is typically carried out with larger tiles than were produced in the present study.  Hence, 
performances determined in the present work are likely to be lower than in typical tests of 
comparable materials.   
6.3.3. Effect of processing defects 
As stated in section 6.2, the initial batch of materials designed to test the effect of the wt % B4C were 
made with a known processing defect.  These three material compositions were therefore made a 
second time and a second set of data collected.  The V50 values of both the initial material and repeat 
with improved processing are shown in fig. 6.3. 
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Fig. 6.3: Plot showing V50 velocity as a function of wt % B4C for two sets of materials produced by 
different production processes. 
Fig. 6.3 shows that across the composition range tested, the materials manufactured using improved 
processing show significantly higher V50 values, though neither material with 20 wt % B4C gave 
consistent performance  The overall performance difference suggests that there is definite effect of 
the processing defect, which indicates that although microstructural control may be important to 
performance, processing control is vital.  Further, as seen in table 6.1, the % TD of the defective 
samples was approximately equal to those with improved processing.  Therefore, pore volume alone 
does not control ballistic performance. 
All other materials were prepared with the improved processing route and so the initial processing 
route materials are not compared with these. 
6.3.4. Effect of density and porosity 
As stated in chapter 1, improved ballistic performance may result from either increase in protection 
at constant density, or constant protection at reduced density.  Fig. 6.4 shows all ballistic data 
collected, plotted as a function of the density of the materials.  As a result of the possible range of 
microstructures in material with 10 wt % B4C, more materials of this type have been produced, so 
they are shown as a separate series.  These materials show densities between 2.9 g cm-3 and 
3.1 g cm-3 dependent on % TD achieved.   
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Fig. 6.4: Plots showing a) V50 and b) V0 values plotted as a function of material density for all tested 
materials. 
Fig. 6.4a) shows that, in general, no significant relationship between density and ballistic 
performance is observed for either type of B4C addition.  However, it appears that the least dense 
materials prepared with fine, homogeneous B4C do tend to show lower V50 values.  These materials, 
including material with 40 wt % and 80 wt % B4C were all produced at less than 96 % TD.  It therefore 
appears that increased porosity can reduce material ballistic performance, as has been generally 
observed. 
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Fig. 6.4 b) shows that the estimated V0 values display a similar trend.  This suggests that % TD, i.e. 
porosity, is more important than actual density to V50.  In spite of this, having similar performance 
across a range of densities is useful, since it potentially provides a range of materials with similar 
degree of protection but different cost/weight balances.  On the other hand, the density range of 
materials produced displaying high ballistic performance is relatively small, with a minimum value 
approximately 15 % lower than with the standard SiC material. 
In materials which are hard to densify, such as materials with higher B4C content and high interfacial 
area between the phases, a more definite understanding of the effect of porosity may facilitate 
material processing, since it could establish a minimum tolerable % TD.  Hence, the effect of porosity 
was specifically examined using 10 wt % and 40 wt % B4C composites.  The effect of % TD on ballistic 
performance of these materials is shown in fig. 6.5.   
 
Fig. 6.5: Plot showing V50 as a function of % TD for two different B4C addition levels. 
Fig. 6.5 shows a distinct increase in V50 with increased % TD in the materials with 10 wt % B4C, given 
error in the measurement.  No trend is observed in material with 40 wt % B4C, though materials at 
lower % TD show high error.  As discussed in section 6.3.2, this error may result partially from the 
test, but is more likely the result of a less consistent material.  This suggest that increased porosity 
can also potentially increase uncertainty in performance.  The possibility of both V50 being reduced 
and scatter in V50 being increased with reduced % TD suggests that changing pore volume affects the 
shape of the failure probability curve as well as the position of the transition range.  This possible 
effect is represented schematically in fig. 6.6. 
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Fig. 6.6:  Sketch diagram representing the suggested effect of porosity on the penetration probability 
curves of materials with variable % TD. 
In fig. 6.6, for each material, the V50 is marked.  The V0 is also indicated as an approximate start of 
the probability transition range from a likely stop to a likely penetration.  The curves indicated show 
that as the % TD increases, the probability curve becomes shallower over the transition range and 
that this range starts at lower velocity.  Hence, there is a small V50 change but a larger V0 change as 
the material is less consistent overall.  This may be because the lower % TD materials have higher 
defect density.  There therefore a chance less energy is needed to destroy the material.   
While the total amount of porosity has some effect, the larger pores in particular are likely to be 
more important to the failure of the materials.  The effect of larger pores in tested materials, 
defined arbitrarily as pores > 5 m in this case, is demonstrated in fig, 6.7. 
 
Fig. 6.7: Plot showing effect of number density of pores > 5 m in length on V50. 
In fig. 6.7, in general, there is a weak negative correlation between the number density of larger 
pores and the V50.  However, there appear to be two behaviour regimes.  For a given number density 
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of larger pores, the V50 is lower in materials with fine, homogeneous B4C than materials with other 
B4C distributions, i.e. coarse B4C and agglomerates.  This suggests that materials with coarse B4C 
features are more tolerant of large pores.  This may be because pores measured as described in 
chapter 5 include debond cracks around coarse features.  These are large but also indicate that there 
may be a residual thermal stress distribution in the material.  Further, in section 5.4.7, the difference 
between the residual stress and the estimated critical stress value was calculated for materials of 
different types.  There was an order of magnitude difference between materials with fine, 
homogeneous B4C and with larger B4C features.  The grouping of materials in fig. 6.8 matches the 
grouping of stress differences calculated for the different feature types.   
Hence, it may be speculated that residual stress effects outweigh the effects of large pores.  This 
may also affect the maximum acceptable total porosity in these materials.  98 % TD material seems 
to be required for fine, homogeneous B4C to ensure porosity does not limit V50 performance.  
However, % TD above which V50 or V0 do not measurably improve may be lower with larger B4C 
features. 
This section has demonstrated porosity can affect V50 performance but that it affects different 
materials differently.  In general, more or large pore features can reduce ballistic performance but 
the effect of porosity must be considered with reference to other microstructural features.   
6.3.5. Effect of B4C amount and distribution 
Increasing the amount of B4C in a SiC-B4C composite at constant % TD will decrease the overall 
density of the material but also increase cost.  This therefore alters the protection/cost/weight 
balance that is vital in an armour system, as discussed in chapter 1.  The effect of B4C wt % must 
therefore be understood.  Fig 6.8 V50 plotted against wt % B4C, in materials produced with correct 
processing and fine, homogeneous B4C.  All materials shown were densified to 98 % TD, except the 
material with 80 wt % B4C, which only reached 95 % TD. 
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Fig. 6.8: Plot showing V50 performance of materials as a function of wt % B4C. 
In fig. 6.8, there does not seem to be any significant correlation between the amount of B4C and 
ballistic performance from 1 to 40 wt % B4C.  Performance is lower in the material with 80 wt % B4C, 
likely due to the higher porosity.  However, from data presented in section 6.3.4, it can be estimated 
that the V50 of a 98 % TD composite may be 3-5 % higher than the same material at 95 % TD, 
assuming no other factors affect this.  This approximation suggests a 98 % TD 80 wt % B4C material 
would show a V50 of approximately 940 m s-1.  This value is projected onto fig. 6.8, and is similar to 
the V50 values for other materials in this series.  This suggests that, for fully dense materials, there is 
no relationship between B4C content and ballistic performance, giving protection across a range of 
densities. 
Fig. 6.8 also shows two of the materials produced twice with improved processing.  As shown in 
section 6.3.2, the 40 wt % B4C repeat material shows similar performance to the initial material given 
the total experimental uncertainty, especially from handling and ballistic testing.  However, the 
difference in V50 is comparable to that between materials designed to determine the effect of total 
porosity.  The three 40 wt % B4C materials used for that comparison were produced from the same 
set of green bodies; all processing except firing was identical.  Firing has strong effects on both 
porosity and grain growth, but as shown in chapter 4, grain growth is restricted in these materials.  
Hence, direct comparison within that series is still valuable.  However, the differing repeat 
performance illustrates that while microstructural control is potentially useful, processing control 
must be achieved to produce viable materials for ‘real world’ protection. 
On the other hand, the two batches of standard SiC material show significantly different ballistic 
performance.  Since, as described in chapter 5, these have appreciably different grain structures, this 
is discussed further in section 6.3.6.  
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In addition to the amount of B4C, it was hypothesised that the distribution of B4C could affect 
ballistic performance.  As shown in chapter 4, using 10 wt % B4C, it is possible to produce materials 
with three different distributions at a constant % TD of 96 %.  The ballistic performance of these 
materials is shown in fig. 6.9. 
 
Fig. 6.9: Bar chart showing V50 and V0 values for three 96 % TD materials with 10 wt % dispersed in 
three ways. 
Fig. 6.9 shows that both materials with coarse B4C and with B4C agglomerates give slightly higher V50 
values than material with fine homogeneous B4C.  However, the material with fine B4C seems to give 
less scatter.  Hence the V0 value for this material is comparable to material with coarse B4C, while 
higher scatter in the case of B4C agglomerates reduces the relative V0.  Given that production and 
testing of these materials was controlled to reduce the number of differing variables, the B4C feature 
spacing, as discussed in chapter 5, may have an effect.  However, fig. 6.10 shows that there is no 
apparent relationship between these values across the range of composites tested. 
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Fig. 6.10: Plot showing scatter in V50 as a function of B4C feature nearest neighbour distance (nnd) in 
materials with 10 wt % B4C. 
The improved V50 performance in materials with coarser B4C features at constant wt % addition and 
% TD, suggested by fig. 6.9 may be related to the residual thermal stress in these materials.  As 
shown in chapter 5, the difference between residual stress and critical feature debond stress was 
smallest for coarse B4C and largest for fine B4C, with the estimate difference for agglomerate 
features between these values.  The V50 of these three materials follows this ranking.  The larger B4C 
features do also seem to give rise to crack deflection under quasi static conditions, as shown in fig. 
6.11.   
(a)                                                            (b)                                                         (c) 
 
Fig. 6.11: SE SEM images showing fracture surfaces of materials with 10 wt % B4C added as a) fine 
particles with homogeneous dispersion, b) agglomerates and c) coarse particles. 
It may be speculated that a similar process of crack deflection leads to increased rate of generation 
of total crack area in materials with coarse B4C.  However, in chapter 5, materials with coarse and 
fine B4C did not show significant difference in measured toughness.  This shows it requires no more 
work to drive a single crack in material with coarse B4C than in material with fine B4C.  Thus the 
increased generation of total crack area may be made up of more cracks being driven in parallel at 
one time, as there does not appear to be a significant difference in energy required to drive a single 
crack.  This may occur because cracks propagate between and around coarse B4C features down 
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existing stress gradients where the residual stress is a significant proportion of the critical stress 
value.  Smaller effective B4C features will give a higher critical stress for debonding, so require a 
greater stress to trigger this process, so that fewer parallel cracks are driven.  To test this hypothesis, 
nano-indentation may be used to characterise the local stress fields in SiC adjacent to different types 
of B4C feature. 
Given the performance of the material with coarse B4C, a second batch of this material was 
produced.  Further, an alternative processing route was trialled, since use of coarse B4C in the 
standard processing route, as described in chapter 3, may cause equipment degradation.  V50 and V0 
performance of these materials are shown in fig. 6.12.  
 
Fig. 6.12: Bar chart showing V50 and V0 performance for three materials with 10 wt % coarse B4C. 
Fig. 6.12 shows that the standard processing route is repeatable, as discussed in section 6.3.2.  The 
alternative processing route gives a 2 % decrease in V50. This may be result from the changes to the 
defect population in this material.  Though all three materials show approximately 96 % TD, the 
alternative processing route gives rise to larger pore features.  As shown in chapter 5, the repeated 
standard processing route gave mean largest 10 % pore length mean largest measured on a given 
micrograph pore length of 2.5 m and 11 m, compared with 3.3 m and 15 m for the alternative 
route, respectively.  Though section 6.3.4 suggests materials with coarse B4C are more pore tolerant, 
this is a significant increase in pore size.   
The cause of these large ‘pore’ features may be less complete dispersion of the B4C particles.  Since 
the coarse B4C has insufficient curvature for densification, where these particles are in contact, 
surrounding material is constrained and there are resulting voids where no SiC and the B4C does not 
sinter.  Examples of this can be seen in fig. 6.13. 
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Fig. 6.13: SE SEM image showing a fracture surface of material with 10 wt % coarse B4C sintered to 
96 % TD, produced with alternative processing. 
Overall a range of SiC:B4C ratios can be used to generate similar V50 values with fine, homogenous 
SiC and B4C.  However, alternative B4C distributions seem to be able to increase ballistic 
performance in a manner that is repeatable and somewhat tolerant of flaws and processing.   
6.3.6. Effect of SiC grain size 
As described in chapter 5, materials with 10 wt % B4C agglomerates were selected to enable 
investigation of the effect of discontinuous grain growth.  This is because trials in chapter 4 used 
similar materials and suggested these features could restrict grain growth but not stop it entirely, 
thereby making it easier to control.  Since these materials also possess low total phase separation, 
Fs, they also can be used to achieve high % TD, to limit the effect of porosity.  However, exclusively 
studying these would test the effect of grain growth in only one type of composite, whereas large 
grains may produce other efffects when interacting with other types of microstructural features.  
Hence, two other material types, one with 40 wt % fine homogeneous B4C and one with 10 wt % 
coarse B4C were also made with different grain size distributions by producing over fired (OF) and 
under fired (UF) materials of the same % TD.  The effect of the amount of discontinuous grain 
growth on ballistic performance in these three types of material is shown in fig. 6.14.  Measurement 
of the amount of larger grains present is more representative of grain growth in discontinous 
materials than a size measurement.  This is because the number density of long grains is low 
compared with the number density of matrix grains, where the area % is relatively high and the 
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matrix grain size does not vary much, from 2 m to 3.7 m across the range of under- to over- fired, 
so the long grains do not greatly affect the mean value.   
 
Fig. 6.14: Plot showing V50 as a function of the estimated % area discontinuous grain growth in three 
different types of SiC/B4C composites. 
Fig. 6.14 shows that there is a general trend across all materials that increasing the amount of 
discontinuous grain growth decreases the V50.  This is not a strong trend and there were two 
materials with B4C agglomerates with intermediate amounts of grain growth which both showed 
excessive scatter when analysed by curve fitting, reducing available data.  This reflects the fact that 
the raw data did not appear to cover the entire material probability curve, as discussed in section 
6.3.2.  Hence, these materials would benefit from repeat testing if time allowed. 
Fig. 6.14 also shows that for the UF material with coarse B4C, V50 is 978 ± 6 m s-1, similar to the two 
other values for material with coarse B4C, presented in section 6.3.5.  This is significant since the 
materials designed to test the effect of grain growth were produced with a lower C content.  This 
again demonstrates the processing tolerance of this type of material 
In sections 6.3.4 and 6.3.5, ballistic performance was connected with defect size.  The mechanisms 
which give grain growth generally also result in coarsening of other aspects of the microstructure, 
which can including formation of larger pores.  The formation of larger pores may be cause by the 
grain growth itself, as material moves from one area of the microstructure to a growing grain, 
leaving a void in that region.  In materials where grain size does increase as performance decreases, 
the relative importance of pore size and grain size can be compared for each material type. 
In both pairs of UF and OF materials, the pore vol % is relatively high and it therefore seems likely 
that pore size will be more important.  The difference in both pore and grain size between the UF 
and OF 40 wt % B4C materials is illustrated in fig. 6.15.   
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Fig. 6.15: SE SEM images showing fracture surfaces of both UF and OF 40 wt % B4C materials with 
similar pore volumes but different pore and grain size distributions. 
Data for both pairs of materials showing both the number density of large pores and the mean 
lengths of the top 10 % of pores are summarised in table 6.3.  These data show that the total pore 
volumes are similar in each type of material between the UF and OF material.   In the 40 wt % B4C 
materials there are larger pores and a higher number density of large pores in the OF material 
compared with the UF material.  Hence, both pore and grain size are higher in the OF than the UF 
material, so it is not possible to separate these parameters.  On the other hand, in the 10 wt % 
coarse B4C materials there is little difference in pore size distribution between the OF and the UF.  
There may be slightly larger pores in the OF 10 wt % coarse B4C material, though as shown in 
sections 6.3.4, these materials tend to be more pore tolerant; they achieve a higher V50 for a given 
number density of larger defects.  Thus grain size may directly affect ballistic performance in this 
case.  
Table 6.3: Key pore size distribution data for UF and OF materials of the same type. 
 Firing Pore vol % Mean length / m Pore areal number density / 
m-2 
Material type type (100 - %TD) Top 10 % pores >2 m >5 m 
40 wt % fine B4C UF 5.9 1.3 39*10-5 4*10-5 
 OF 4.9 3.1 408*10-5 30*10-5 
10 wt % coarse 
B4C 
UF 4.1 3.1 327*10-5 40*10-5 
 OF 3.6 3.7 302*10-5 43*10-5 
 
Porosity can also be quantified in the materials with B4C agglomerates.  In these, the total amount of 
porosity is roughly constant and less than 1.5 %.  As total pore volume is constant only the size 
distribution of pores, especially the larger ones, can affects performance.  Fig. 6.16 shows the 
number density of larger pores in materials with B4C agglomerates and controlled grain growth.   
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Fig. 6.16: Plot showing pore areal number density as a function of long grain growth for materials 
with B4C agglomerates. 
From fig. 6.16, given experimental error, it appears this distribution does not vary across the grain 
size range tested.  Additionally, as discussed in section 6.3.4, materials with coarser B4C features 
seem more tolerant of larger pores than materials with fine, homogeneous B4C; they achieve a 
higher V50 value for a given distribution.  Thus, increased number density of larger pores does not 
seem to be linked to decreasing ballistic performance in these materials.  Thus it may be suggested 
that grain size is more important in this case. 
It should be noted that, while inclusion of agglomerate features did allow a range of controlled grain 
structures to be produced at high % TD, they will also have affected failure behaviour.  This was 
demonstrated for similar materials in section 6.3.5.   
Overall, it was observed increasing grain growth reduced ballistic performance slightly, given 
experimental error in this investigation.  However, it may be suggested that increased grain growth 
is also linked to other material properties such as pore size distribution, which are also important to 
ballistic performance.  Hence it is not always possible to identify a single microstructural parameter 
which most strongly affects the V50.    
6.3.7. Correlation with physical properties 
In chapter 5, in addition to microstructural parameters, the physical properties of materials for 
ballistic testing were characterised.  As discussed in chapter 2, hardness has been suggested to be 
important to ballistic performance.  Fig. 6.17 shows the V50 values for tested materials as a function 
of hardness at the highest load of each hardness type measured.  Higher loads seem likely to give 
better indications of ballistic performance since these produce larger indents which engage a larger 
sample material volume.  This makes activation of larger defects more likely, and causes more sub 
surface damage, which may better reflect the effect of a ballistic impact. 
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Fig. 6.17: Plot showing V50 as a function of a) Vickers hardness at 20 N and b) Knoop hardness at 10 N 
for tested materials. 
Fig. 6.17 suggests that there is little correlation between Knoop hardness and V50 performance in 
these materials, but that a possible weak correlation exists between Vickers hardness measured at 
20 N and performance.  Vickers hardness may be more representative as it displaces more material 
and so engages with more large defects, which are typically associated with fracture.  It was noted in 
chapter 5 that coarser microstructures gave reduced hardness at high loads, possibly due to larger 
defects being engaged by larger indents.  In section 6.3.6 it was suggested that coarser 
microstructures may be linked to reduced ballistic performance.  Thus the load curve behaviour of 
UF and OF materials shown in fig. 5.9 reflects the likely ballistic behaviour in this case.  Hence, while 
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hardness can be used to demonstrate some microstructural parameters which are important but is 
not a useful predictive measure of V50 by itself. 
When indenting brittle materials, failed indents are expected.  Failed indents as described by the 
standard [5], constitute indents where lift off cracking, cracks from the major diagonal of the indent, 
or large cracks off the indent sides have occurred.  It was hypothesised that the likelihood of failure 
when indenting materials may be significant to ballistic performance [6].  Fig. 6.18 shows both V50 
and scatter in ballistic performance as a function of the failure rate at constant load in Knoop 
hardness; neither seems to show a strong link to the failure rate.   
  
Fig. 6.18: Plot showing V50 and scatter in V50 as a function of failure % of Knoop indents determined 
for each material.  
However, fig. 6.17 indicates materials which show high hardness may be more likely to show higher 
V50, a trend which has been widely reported [3].  Hence, a more representative parameter for a 
given material may include both the material indent failure % and hardness.  A range of possible 
parameters were tested, all of the form given in equation 6.2.  To evaluate parameters of this form, 
an average indentation failure % across all indent loads taken was used but the 𝐻𝐾  value for 10 N, 
𝐻𝐾(10 𝑁),  the highest tested load, was selected.   
 
𝑀𝑒𝑟𝑖𝑡 𝑓𝑖𝑔𝑢𝑟𝑒 = 𝐻𝐾(10 𝑁)
𝑛 ∗ (
(100 − 𝐼𝑛𝑑𝑒𝑛𝑡 𝑓𝑎𝑖𝑙𝑢𝑟𝑒 % )
100
)
𝑚
 
6.2 
 
Equation 6.3 shows an example of a possible merit figure of the type shown in equation 6.2 
 
𝑀𝑒𝑟𝑖𝑡 𝑓𝑖𝑔𝑢𝑟𝑒 (𝐺𝑃𝑎2) = 𝐻𝐾(10 𝑁)
2 ∗
(100 − 𝐼𝑛𝑑𝑒𝑛𝑡 𝑓𝑎𝑖𝑙𝑢𝑟𝑒 % )
100
 
6.3 
 
There did not seem to be any relationship between any of these parameters and V50 values.   
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Fig. 6.19: Plots showing a) scatter in V50 and b) V0 as a function of the indentation merit figure 
proposed in equation 6.3. 
Fig. 6.19 a) shows weak negative correlation between the merit figure given in equation 6.3 and the 
scatter in the V50 calculated for each material.  Further, fig. 6.19 b) shows weak positive correlation 
between this merit figure and the V0.  Understanding V0 is important since this is an estimate of 
maximum safe impact velocity for a material.  It is understood that a material with high V50 and high 
scatter may have similar maximum safe velocity to a material where both V50 and scatter are lower.    
Similarly, a material with high indent failure % and high hardness will show a similar merit figure 
value to one with a lower failure percent and lower hardness.  Classification of failed indents results 
from observation of large cracks, suggests catastrophic failure under the loading conditions.  Key 
reasons for classifying an indent as failed inclkude lateral cracks and cracks which result in chipping 
around indents,.  Hence, a material with high failure % under ballistic impact may show rapid failure, 
and so provide relatively low protection.  However, if it also has high hardness measured from 
successful indents, it may have the potential to show high V50 performance according to literature 
reviewed in chapter 2.  Thus the proposed merit figure includes a measure of both ultimate 
performance and consistency.   
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However, the fit of the V0 data is weak for all tested parameters of the type shown in equation 6.2.  
The plasticity behaviour of materials, taken from the indentation size effect (ISE) curve has also been 
suggested as a possible means of predicting aspects of ballistic performance.  A semi quantified 
plasticity parameter has been defined as shown in equation 6.4 [7].    
 
𝑃𝑙𝑎𝑠𝑡𝑖𝑐𝑖𝑡𝑦 𝑝𝑎𝑟𝑎𝑚𝑒𝑡𝑒𝑟 = 𝑎𝑏𝑠 (
1
𝑔
) 
6.4 
 
In equation 6.4, g is the gradient of a log-log plot of measured Knoop hardness against applied load, 
a measurement of the ISE for the material.  A high parameter indicates the material retains apparent 
hardness when tested at higher loads.  In combination with measured hardness at a defined load, 
this has been used to predict the transition velocity from interface defeat to penetration in SiC 
materials, as shown in equation 6.5.  This may be linked to ballistic performance [7].   
 𝑇𝑟𝑎𝑛𝑠𝑖𝑡𝑖𝑜𝑛 𝑣𝑒𝑙𝑜𝑐𝑖𝑡𝑦 (𝑚 𝑠−1) = 33.59(𝐻𝐾(1 𝑁) + 𝑎𝑏𝑠 (
1
𝑔
)) +261.42 6.5 
 
Like equation 6.3, this prediction combines both absolute material hardness and a parameter which 
is intended to represent material reliability.  In the present study, a modified parameter, shown in 
equation 6.6, has been calculated using 𝐻𝐾(2 𝑁), since this was the lowest load available for testing.  
The V0 of tested materials is shown as a function of this parameter in fig. 6.20. 
 
𝐼𝑆𝐸 𝑚𝑒𝑟𝑖𝑡 𝑓𝑖𝑔𝑢𝑟𝑒 = 𝐻𝐾(2 𝑁) + 𝑎𝑏𝑠 (
1
𝑔
) 
6.6 
 
 
Fig. 6.20: Plot showing V0 as a function of modified ISE parameter for materials tested in the present 
study where the error calculated was within the range of velocities tested. 
Fig. 6.20 shows a definite positive correlation between the merit figure given by equation 6.6 and V0.  
This seems to support the ISE approach as a means for screening potential ballistic materials.   
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The ISE and failure % of indents can be determined relatively easily compared with dynamic testing, 
since hardness testing is routine and these data can be generated readily from it.  Parameters such 
as those in equation 6.3 and 6.6 may therefore potentially be used for ranking materials in future 
armour development.  
As previously discussed, the residual stress may cause the formation of debond cracks around B4C 
particles, which has been observed in these materials.  This results in large defects around B4C.  The 
effect of this defect localisation on Young’s modulus was modelled by the pore localisation model of 
Young’s modulus presented in chapter 5.  Since modulus behaviour can be predicted by considering 
these defects, it may be possible to quantitatively relate Young’s modulus to V50.  However, fig 6.21 
shows that there is no relationship between V50 and Young’s modulus of these materials.  This may 
be because, as has been shown in section 6.3.4, the ballistic performance of materials with coarse 
B4C features tends to be somewhat flaw tolerant.    
 
Fig. 6.21: Plot showing V50 as a function of Young’s modulus. 
As discussed in chapter 2, toughness is another widely considered property which may affect ballistic 
performance.  Chapter 5, fig. 5.10, demonstrated that materials with fine homogeneous B4C appear 
to show a relationship between toughness and B4C wt % with a peak observed at 20 wt % B4C.  Fig. 
6.9 showed no strong relationship between B4C wt % and ballistic performance.  Further, fig. 5.11 
suggested a controlled long grain fraction in materials with B4C agglomerates could toughen the 
material.  Again this does not correlate with ballistic performance.  It should be noted that 
toughness may still play a role in multi hit performance and low velocity damage tolerance, neither 
of which have been tested in the present work. 
Overall, these results support the hypothesis that it is difficult to link quasi static properties and V50 
performance.  It appears that the B4C distribution, pore size and pore distribution are better 
indicators of this in these materials.  However, it should be noted that this is true only within SiC-B4C 
composites; hardness can be used to distinguish SiC and an Al2O3 material, for example.  
Additionally, more information can be derived from hardness testing than the hardness values 
typically quote for these materials.  Merit indices such as that proposed may be able to better 
represent material performance; the merit figure tested may be useful when considering future 
material development. 
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6.3.8. Effect of ballistic impact on crystal structure 
The effect of ballistic impact on the vol % of 4H polytype in the SiC and the vol % of B4C in the 
materials from which fragments were collected is shown in table 6.4.   
Table 6.4:  Effect of ballistic impact on vol % 4H polytype in SiC and vol % B4C in material calculated 
from Rietveld refinement of XRD data. 
 vol % 4H in SiC vol % B
4
C in material 
Material Before After Before After 
10 wt % 70 m B4C, 96% TD   24 ± 5 44 ± 5 7 ± 5 0 ± 5 
10 wt % agglomerates B4C, 96.4% TD 27 ± 5 47 ± 5  7 ± 5 6 ± 5 
40 wt % B4C, 97.7% TD  39 ± 12 27 ± 12 30 ± 12 23 ± 12 
In table 6.4, errors in the vol % values are estimated as ± the difference between the vol % B4C 
calculated from the Rietveld refinement to the known vol % added.  However, as discussed in 
chapter 4, this is a systematic error, since the vol % B4C is consistently underestimated.  The true 
random error can be estimated from the internal standard deviation within the refinement.  This is 
approximately ± 2 vol %.  However, the error in the vol % B4C seems to signify greater uncertainty 
than this random error in this analysis. 
In both materials with 10 wt % B4C, there is a significant increase in the vol % 4H in the SiC in the 
material which has been subjected to ballistic testing.  This may be a result of the strain rate of the 
ballistic impact.  Given the greater uncertainty there is no distinct change in the polytype 
composition of the material with 40 wt % B4C.  The measured vol % B4C decreases in all three 
samples but the decrease is not significant given the large experimental error.  However, when 
selecting fragments their position and size are potentially significant.  Fragments of different sizes 
have likely experienced a different strain rate and fracture mode to the loose fragments collected.  
In addition, it is possible that fragmentation occurs preferentially at or near certain features.  For 
example, if comminution occurs more completely around B4C features, then smaller fragments may 
contain a disproportionate vol % B4C.  It is also probable that the highest strain rates in the material 
are generated closest to the site of impact.  In this test, particles < 250 m were selected, but this 
does not represent a known fraction of the overall fragment size distribution for these materials in 
this test.  Further work in this area may demonstrate any sampling effects.  An initial test could focus 
on particles within given size ranges, rather than simply with an upper size cut off. 
These data are preliminary as fragments have only been collected from one sample of each material 
and only one broad fragment size range has been considered.  However they do suggest that 
analysis of the fragments in this way potentially allows understanding of crystallography of 
comminuted material.  A key problem with this process in these composites appears to be that the 
structure of B4C is inherently disordered prior to the ballistic event.  Hence, this method may be of 
more use in comparing SiC grades, for example sSiC compared with LPS SiC. 
6.4. CONCLUSIONS 
This chapter has considered measured V50 ballistic performance of the range of materials produced.  
However, significant uncertainty is present in some V50 values.  This may be due to material 
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inhomogeneity or testing issues.  Because of this, further testing may clarify performance of 
materials, allowing curve fitting to be used reliably.  This would benefit materials with controlled 
discontinuous grain growth in particular. 
In spite of the uncertainty, it is clear that processing is critical to achieving good ballistic 
performance.  This was demonstrated clearly by the reduced performance of materials with 
manufactured with a known processing defect compared with those manufactured without such a 
known defect.  Even when considering successful, reproducible materials such as the 40 wt % B4C 
composites, performance can be significantly reduced processing issues.  However, large material 
defects seem to be tolerated better in materials with coarser second phase features. 
There does not seem to be a strong link between B4C wt % addition and ballistic performance.  This 
may allow production of a range of materials with constant level of protection but different 
cost/weight balances.   
On the other hand, pore volume and size distribution do play a role in determining ballistic 
performance.  Increased total porosity, reduced % TD, can reduced ultimate performance and also 
increase uncertainty in performance.  Where total porosity is roughly constant in a given material 
type, the size distribution of pores seems important.  A higher proportion of larger pores typically 
give lower ballistic performance.  However, materials with coarser B4C features seem more tolerant 
of large pores, in addition to higher total porosity.  For the range of B4C feature sizes and spacings 
produced, no relationship was observed between these and the error in ballistic performance.  
There may however be some link between the fracture behaviour of materials with coarse B4C 
features under quasi static conditions, the residual thermal stress compared with the critical value 
for debonding to occur and the ballistic performance. 
Increased grain size may be suggested to decrease ballistic performance, though it appears that 
large defects, typically formed with increased grain growth, could also be responsible for this 
observed trend in some cases.  Preliminary trials also suggest that polytype transformation in the SiC 
occurs when it is subjected to high strain rates. 
Finally, no strong links between quasi static properties and performance in these materials have 
been identified in this study.  Of the hardness measurements used, Vickers hardness seems to be 
slightly correlated to V50, possibly because it engages appreciable material volumes.  However, the 
indentation merit figures from hardness combined with indentation failure % and especially with the 
material plasticity parameter shows some promise for predicting ranking of V0 performance of this 
type of material. 
Overall, materials with 10 wt % coarse B4C are attractive as they seem to be somewhat processing 
tolerant.  At the same time they, show high performance reproducibly and lower density than 
standard SiC.  Use of coarse B4C also reduces material cost.  Some important microstructural 
parameters have also been identified, though no clear links have been established between quasi 
static properties and ballistic performance.  Some progress has therefore been made against 
identified chapter objectives.  However, further testing would be needed in order to determine 
effects of grain size and defect size.  These would require repeating the production of the materials 
designed to investigate grain growth and porosity. 
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7. THE EFFECT OF Ti ON PROCESSING AND PEERFORMANCE SiC-B4C 
COMPOSITES 
7.1. INTRODUCTION 
7.1.1. Context 
Materials produced for chapters 4, 5 and 6 have shown a range of controllable microstructural 
features and a combination of potentially advantageous physical properties.  However, material with 
40 wt % B4C, which showed an appealing combination of low density and good ballistic performance, 
required a relatively high sintering temperature to produce.  The toughness of the material is also 
relatively low compared with LPS materials.  This may affect multi hit performance, which has not 
been considered in the present work.   
As discussed in chapter 2, previous studies have trialled a wide range to of additives to overcome 
these issues in SiC and especially in B4C.  Additives have been shown successfully to both lower the 
sintering temperatures required and to increase the material toughness.  However, typically these 
additives degrade material performance, for example by creating a weak IGF in the case of LPS SiC.   
This chapter therefore describes work to use Ti compounds as additives to achieve these 
improvements but at the same time to retain mechanical properties of materials without additives.  
Ti can form a wide range of potentially useful phases in a system with Si, B and C.  However, it is 
likely to form TiC and TiB2, which are both extremely hard.  The aim of this work therefore, was to 
introduce Ti compounds into SiC-B4C in a way which allows phases beneficial to densification to form 
during sintering, but then results in the formation of hard re-enforcing phases on cooling. 
The two compounds selected as additives were TiC and TiO2.  TiO2 is cheap and easy to process, but 
the effect of the additional O may affect densification behaviour.  TiC is expensive but means system 
stoichiometry is easier to control.  While the use of Ti metal would reduce the stoichiometric 
complexity in the system, it is less feasible due to the reactivity of Ti metal at the powder size 
required.  
7.1.2. Outline 
In the remainder of this chapter, section 7.2 outlines understanding of the reactions Ti can undergo 
in Si-B-C systems.  The understanding developed facilitated selection of a range of materials which 
may demonstrate the desired characteristics.  Selection of materials is described in section 7.3, along 
with the particular Ti powders used to produce them.  Section 7.4 presents the behaviours 
demonstrated by these materials, including densification, quasi static properties and finally ballistic 
performance.  A summary of progress is given in section 7.5. 
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7.2. LITERATURE ON THE EFFECT OF Ti IN THE SiC-B4C SYSTEM 
7.2.1. Introduction  
Ti shows a wide range of possible reactions with B, Si and C.  In order to understand the 
microstructural evolution in composites with Ti addition, it is necessary to understand which of 
these may occur under different conditions.  Therefore, this review considers the reactions of Ti with 
both SiC and B4C separately, in section 7.2.2 and 7.2.3 respectively.  The reactions of Ti with the SiC-
B4C pseudo-binary system are discussed in section 7.2.4.  A summary of the known reactions is given 
in section 7.2.5. 
7.2.2. Reactions of Ti with SiC 
There are many possible reactions between Ti and SiC.  A phase diagram of the system is shown in 
fig. 7.1.  At both temperatures, the T1 point indicates Ti3SiC2. 
1 
Fig. 7.1: Tertiary phase diagram of the Si-Ti-C system at two different reaction temperatures [1]. 
The reactions and phase formation in the SiC-Ti system have been studied for both metal-matrix 
composites (MMCs) and SiC brazing applications.  In these systems, heating causes SiC and Ti inter-
diffusion and a number of phases may be formed.  These include TiC, Ti5Si3 [2], Ti3SiC2, Ti5Si3C [3], and 
Ti5Si3Cx.  The Ti5Si3Cx phase has been identified as a solid solution of C in the Ti5Si3 phase, and is an 
example of a Nowotny phase [4].  In addition to the thermodynamic factors, the diffusion pathways 
available to each element throughout the course of the reaction also appear to vary the phases 
formed.  In one experiment [5], a SiC rod was partially immersed in molten Ti.  In another, a 50 m Ti 
film was placed between two SiC rods and held in compression while heated to 1400 °C [6].  An 
example of the resulting microstructure in the second case is shown in fig. 7.2.  The first of these 
tests mimics conditions in an MMC, the second in a brazing application.  In the first case, it was 
hypothesised that the wetting of the rod by the metal and the diffusion of Ti along the rod dictated 
the phases formed.  In each case the phases observed were Ti5Si3Cx at the metal/ceramic interface 
and TiC in the metal adjacent to that area.  TiC forms in the metal as the Ti5Si3Cx slows diffusion 
between the metal and ceramic but Si is slowed more than C, resulting in increased relative C 
concentration in that area.  In the brazing-like case, further microstructural evolution was observed 
                                                          
1 Experimental Investigation and Thermodynamic Calculation of the Titanium–Silicon–Carbon System. 
Copyright © 2008 John Wiley and Sons. 
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with extended heat treatments; Ti3SiC2 was observed to form at the SiC-Ti5Si3Cx interface, 
whileTi5Si3Cx grew into the metal.  When all the Ti had reacted, the join was Ti3SiC2 on either side, 
withTi5Si3Cx and TiC precipitates inside.   
2 
Fig. 7.2: Micrographs showing example microstructures of SiC/Ti joins formed by heating at 1400 oC 
for two different times. [6] 
TiC layers either side of a Ti-Si-C phase have also been observed when SiC is added to Ti powder at 
about 800-1200 oC [7].  When these heat treatments were further extended, TiSi2 was observed to 
form and exist in equilibrium with Ti3SiC2.  It may be suggested that the brazing case allowed the 
reaction to proceed further toward equilibrium conditions than the MMC case.  Given the higher 
temperatures needed to sinter SiC, regions of TiSi2 may therefore also be produced when using Ti, 
possibly as a triple point junction phase.  These results appear to suggest that TiC will not remain 
when SiC and TiC are sintered together.  However, as discussed in chapter 2, this is not necessarily 
the case; TiC added directly rather than formed in situ can remain if the maximum temperature does 
not exceed approximately 2000 oC.  Reactions between Ti and SiC have also been observed in SPS; 
one study used SiC with Ti and C additives, forming both TiC and Ti3SiC2 in addition to SiC [8].  
Reactive hot pressing has also been used to generate a SiC-Ti3SiC2 composite.  In this study, if TiC was 
                                                          
2 Springer and Metallurgical and Materials Transactions A, 28, 1997, Phase reaction and diffusion path of the 
SiC/Ti system, Nama, M., figure 1, original copyright notice is given to the publication in which the material 
was originally published. Copyright © 1997 Springer, by adding; with kind permission from Springer Science 
and Business Media. 
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also added to the starting powder it was observed in the sintered body [9].  These results suggest 
that there is equilibrium between these three phases.  Further, the addition of TiC produced a 
harder material.  This may be because SiC displays good interfacial adhesion to TiC, better than to 
TiB2 [10], so the TiC prevents grain boundary slip in the SiC-Ti3SiC2-TiC system. 
Hence, Ti3SiC2 formation is a possibility during sintering of SiC with Ti, though it may subsequently 
react.  As shown in fig. 7.1, at 1800 oC Ti3SiC2 also exists in equilibrium with TiC and SiC.  For this 
phase to form however, the system must be C deficient compared with TiC and SiC [1].  Though the 
Ti3SiC2 phase may form in the presence of C deficient SiC and TiC, its thermal stability has been 
debated.  It was observed to decompose at 1400 oC [11].  However it was calculated to be stable up 
to 2374 oC in equilibrium with SiC and TiC [1].  In a hot pressed composite with TiC and SiC it was 
later observed to undergo fast and irreversible decomposition at 1900 oC according to the reaction 
shown below [9]. 
Ti3SiC2 → 2 Ti + SiC + TiC 
However, in a system where it was observed to form at 2050 oC in situ during hot pressing [12], in 
the presence of B4C.  Therefore, it may be concluded that the formation of Ti3SiC2 is dependent on 
system kinetics and impurities.  For example, it may decompose at lower temperatures in the 
presence of free Si [13].  Furthermore, in order to form Ti3SiC2 in situ, the reverse reaction to that 
shown above may be required.  Therefore, three distinct phases would need to be in contact.  As a 
result of this, formation would be strongly dependent on the distribution of different compounds in 
the material. 
7.2.3. Reactions of Ti with B4C 
Ti has also been investigated as a sintering aid for B4C. Ti has been trialled in several forms; as the 
metal, oxide and carbide.  The following reaction between metallic Ti and B4C has been proposed 
[14,15]: 
B4C + 3 Ti↔ 2 TiB2 + TiC. 
However, B4C pressureless sintered exclusively with metallic Ti has been shown to achieve only 86 % 
TD [16].  Furthermore, as with Al, the oxide is a more desirable additive than the metal, since it is 
both cheaper and easier to process.  The reaction of TiO2 with B4C in situ is well known [17], and can 
be used to conduct reactive hot pressing of a B4C-TiB2 composite [18].  It has also been 
demonstrated to form a B4C-TiB2 composite by pressureless sintering [19].  The following reaction 
has been proposed when there is free C present [16]: 
2TiO2 + B4C +3C → 2 TiB2 + 4 CO. 
 Where additional C is not present, the TiO2 and B4C still react and the activity of C in the B4C will be 
reduced.  In this study, TiO2 was found to be a more effective sintering aid than Ti and it was 
suggested that the removal of C from the B4C to reduce the TiO2 increased self diffusivity in the B4C 
by creating defects in the structure.  TiC has also been shown to function as a sintering aid, yielding 
96 % TD after pressureless sintering at 2175 oC with TiB2 again formed [20]. 
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7.2.4. Reactions of Ti in the SiC-B4C system 
The effect of Ti on the SiC-B4C system has also been studied, with a number of approaches 
considered.  It is known that SiC-TiB2 [21] and B4C-TiB2[22] are both eutectic systems.  There also 
appears to be a SiC-B4C-TiB2 quaternary eutectic [23].   
In this quaternary system, with the correct starting materials and mol ratios, a considerable number 
of different phases can be achieved.  An example of this is the comparison of two trials which aimed 
to produce a material with Si, B, C and a Ti source.  In the first case [24], comparatively small 
amounts of Si and B4C were used and a relatively high Ti content, which was provided by the in situ 
breakdown of TiH2.  The desired reaction was as shown: 
4Ti + 1/2 Si +3/2 B4C → 3TiB2 + TiC + 1/2 SiC. 
It was believed that this reaction did not occur as written, though the products shown were 
observed.  In the second case, SiC and B4C were used as starting materials and metallic Ti was added; 
compositions were selected according to the following equation: 
B4C + xSiC + (3+2x)Ti→ 2TiB2 + (1-x)TiC + xTi3SiC2. 
In the above equation, x was varied between 0 and 1 [25].  In each of the two cases, a mix of TiB2 and 
TiC were formed.  However, despite each being hot pressed at 2000 oC, in the first case SiC remained 
in the sintered body, while in the second the Ti3SiC2 phase was observed.  It was noted that SiC 
should exist in equilibrium with this phase.  One possible explanation of the difference is that the Ti 
used in the second case was in the form of comparatively large (50 m) particles.  The TiB2 formed 
around these.  Ti3SiC2 formed on the outside of this layer and C deficient TiC was observed to form 
inside, adjacent to the Ti.  This microstructure may result from TiB2 acting as a diffusion barrier for Si, 
which has lower solid solubility in it than C.  The formation of the Ti3SiC2 phase is posited to improve 
densification in the composite, due to the graphite like layered structure allowing slip during HP; 
densification was complete by 1500 oC.  However, in the first case, the retention of SiC also had a 
potentially beneficial effect, restricting grain growth in the TiB2, likely due to the low solid solubility 
of each phase in the other.  Confirming the possibility of the three phases observed in the first case 
being formed, a floating zone method has been used to demonstrate a TiC-TiB2-SiC eutectic [26].   
Compounds in the TiC-TiB2-SiC-B4C system have also been made by conventional hot pressing.  In 
one example [27], mixes including TiC-B4C-SiC-C were hot pressed.  In this example, no reaction was 
reported between the phases, though there was no XRD examination of the product.  In another 
example, a SiC-TiB2-B4C-C composite only achieved 96.9 % TD after hot pressing for 1 hour at 2100 oC 
[28]. 
Another possible comparison of different phases produced is between the SiC-B4C-TiB2 quaternary 
eutectic, also grown by a float zone method [23], and a SiC-B4C-TiB2 material formed by reactive hot 
pressing [29].  The first case started with a range of compositions of B4C, SiC and TiB2.  The eutectic 
point was estimated to be 50 B4C - 40 SiC - 10 TiB2 by molar %.  An example eutectic microstructure 
is shown in fig. 7.3.   
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3 
Fig 7.3: SEM micrograph showing a SiC-B4C-TiB2 eutectic prepared by the floating zone method [23]. 
In the second case, along with B4C, SiC and TiC, Si3N4 was used as a starting material.  Additionally, 
an Al2O3-Y2O3 mix was used as a sintering aid.  In this case hot pressing at 1880 oC produced B4C, SiC, 
BN and TiB2, as well as an amorphous phase, likely the result of the sintering aid.  This system did not 
show a eutectic microstructure, though the applied pressure did cause the TiB2, formed as rods, to 
lie perpendicular to the pressing direction.  SiC was observed as an intragranular phase inside the 
B4C.  In contrast, microstructures from the floating zone method showed eutectic intergrowth, while 
compositions away from the eutectic point gave microstructures comprised of grains of differing 
morphologies of the excess phase, or phases, dispersed in regions of eutectic intergrowth.  Where 
the excess phase grains showed high aspect ratios, the long axis of the grain was typically 
perpendicular to the eutectic growth direction, suggesting the excess phase was exsolved from the 
growing eutectic front.   
In conclusion, Ti can react extensively with both SiC and B4C, with many possible phases formed.  
Kinetic factors such as diffusion distance, influenced by the particle size of the starting materials 
seem to play an important role in determining the phases formed.   
 
 
 
 
 
 
 
 
                                                          
3 Copyright © 2005 The Japan Institute of Metals and Materials 
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7.3. SPECIFIC EXPERIMENTAL METHODOLOGY 
7.3.1. Introduction  
This section outlines the specific techniques used to produce materials required to develop the 
understanding of the effect of Ti in SiC-B4C composites.  Unless otherwise stated, processing of the 
composites was carried out as described in chapter 3.   
In the remainder of this chapter, section 7.3.2 outlines raw materials and processing used to 
produce the needed materials not relevant to other chapters, section 7.3.3 describes use of the 
understanding developed in section 7.2 to select the matrix of materials tested and section 7.3.4 
describes the specific methods used for phase identification in the present study 
7.3.2. Materials and processing used 
The purity of both TiC and TiO2 powders selected was > 99 wt %.  The TiC powder had d50 4 m, 
while 100 nm TiO2 was selected.  Two different methods were used to produce needed powder 
blends.  For initial studies on the effect of TiC, TiC was dry blended into material mixtures as 
described in chapter 4.  All materials with both TiO2 were produced by mixing material in a slip, as 
described in chapter 3.  A range of materials containing TiC were also produced in this way, to allow 
for direct comparison. 
Green body formation and binder burnout were conducted as described in chapter 3.  However, 
during sintering all materials produced for this study were buried in SiC grit powder beds, contained 
in graphite sintering vessels.  Furthermore, different batches of SiC grit were used for the different 
additives, in order to prevent cross contamination in the case of unexpected vapour phase 
formation.  This was important because it has been shown that sintering surrounded by volatile 
impurities can lead to appreciable contamination in the sintered body [30,31]. 
7.3.3. Composition selection 
Materials containing TiC are shown in table 7.1.  In all materials except that marked ‘*’ the SiC:B4C 
ratio was kept constant at 60:40 by wt %.  The material marked ‘*’ was adjusted to show a SiC:B4C 
ratio equal to a selected directly comparable material containing TiO2.  C wt % is shown separately 
since it was added ‘on top’ of the SiC-B4C-Ti additive mix, not affecting the mass ratio of these 
materials. 
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Table 7.1: Compositions used to investigate the SiC-B4C-TiC system. 
Blending 
method 
Starting compound wt % 
  
SiC B4C TiC C wt % 
Dry blending 59.4 39.6 1.0 2.5 
 57.0 38.0 5.0 2.5 
 54.0 36.0 10.0 2.5 
     
Mixing in slip 59.4 39.6 1.0 4 
 57.0 38.0 5.0 4 
 57.0 38.0 5.0 2 
     
* 52.3 45.5 3.2 4 
 
Materials containing TiO2 were selected assuming TiB2 would form well below sintering 
temperatures and hence the SiC-B4C-TiB2 eutectic system could be used.  To ensure complete 
conversion of TiO2 to TiB2 in situ, sufficient TiO2 was added to give the desired number of mols of Ti 
and sufficient extra B4C was added to completely react to form TiB2, assuming a 2:1 mol TiO2:B4C 
reaction.  
As described in section 6.2, the eutectic composition is believed to be 50 B4C – 40 SiC – 10 TiB2 by 
moles, or 55 B4C – 31 SiC – 14 TiB2 by wt %.  A range of compositions were tested between this and 
the 40 wt % B4C, by taking differently weighted averages of these two compositions.  The 
composition range examined in this way is demonstrated on the system phase diagram in fig. 7.4.  It 
should be noted that no other investigations have focused on this system, and the study from which 
this phase diagram is taken [23] does not specify a eutectic temperature as the melting was carried 
out by Xe lamp. 
 
Fig. 7.4: SiC-B4C-TiB2 phase diagram [23], showing ternary eutectic point and section demonstrating 
composition range selected to examine the effect of approaching this point. 
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Table 7.2 shows the compositions prepared on this basis, corresponding to the points marked on 
fig. 7.4.  In all materials shown, an additional 4 wt % C was added, as for materialsdescribed in 
chapter 3. 
Table 7.2: Compositions used to investigate the SiC-B4C-TiB2 system starting with 60:40 SiC:B4C wt %. 
 Intended Powder blend wt %  
% eutectic composition wt % TiB2 SiC B4C TiO2 
0 0 60.0 40.0 0.0 
25 2.5 52.3 45.5 4.3 
0 5.0 45.0 50.6 8.4 
75 7.5 38.1 55.5 12.2 
 
The effect of TiO2 on materials with higher and lower starting B4C content has also been 
investigated.  For these materials, a similar weighted average approach was taken, starting with 
materials of both 80:20 and 20:80 SiC:B4C by wt % and working along a line to the SiC-B4C-TiB2 
eutectic point in each case, with ‘extra’ B4C once again added to completely react with the TiO2.  The 
compositions of these materials are shown in table 7.3. 
Table 7.3: Compositions used to investigate the SiC-B4C-TiB2 system. 
  
Starting SiC:B4C mass 
ratio 
Starting compound wt % 
 
% eutectic 
composition SiC B4C TiO2 
0 80:20 80.0 20.0 0.0 
25 80:20 66.2 34.1 3.9 
0 20:80 20.0 80.0 0.0 
25 20:80 22.9 75.1 3.4 
 
7.3.4. Specific characterisation techniques 
Density was calculated as described in chapter 3.  To determine % TD, a rule of mixtures was gain 
used.  In order to determine the TD, it was necessary to account for the Ti additions.  To do this it 
was assumed all Ti introduced in the form of either additive remained in the material and was all in 
the form of the major Ti phase.  The SiC:B4C:Ti mol ratio was assumed to be equal to that of the 
starting powder blend.  From this, using the mass number of SiC, B4C and the new Ti phase, the mass 
ratio of the phases was determined and hence the % TD.  TD values for TiC and TiB2 were taken to be 
4.9 g cm-3 and 4.5 g cm-3 respectively.  TiB2 appeared to be the most common Ti phase formed in the 
sintered materials for both Ti additions tested and so unless otherwise stated, it was assumed that 
all Ti was present in this form. 
Identification of the Ti phases was carried out using XRD.  Data were generated as described in 
chapter 3, using a Hitachi Gen 3 model with a monochromater, and Cu K radiation, on samples 
which had been polished as for microscopy.  Generator settings were 35 kV and 40 mA.  All samples 
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were scanned in the 2  range 5-120 o.  Unlike in chapter 3, a 0.0170 2 step and 0.27 s dwell were 
used. 
Phase identification was carried out using X’Pert Highscore plus software.  An example spectra with 
phase matching shown is provided in fig. 7.5. 
 
Fig. 7.5: Example XRD spectra and phase identification from a SiC-B4C composite with TiC addition, 
sintered at 2125oC. 
Finally, ballistic testing was carried out according to the V50 method, as described in chapter 6, on a 
40 wt % B4C control sample and a material with 10 wt % TiC with the same 60:40 SiC:B4C mass ratio, 
resulting in a composition of 54 SiC – 36 B4C – 10 TiC wt %.  This composition was selected as it 
demonstrated good mechanical properties, with an appreciable difference in toughness from the 
control material, as well as good densification. 
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7.4. RESULTS AND DISCUSSION  
7.4.1. Introduction  
In the remainder of this section, the effects of TiC and TiO2, as well as the phases formed by each, 
are first presented separately, in section 7.4.2 and 7.4.3 respectively.  Key results from each are then 
compared in section 7.4.4.  Based on this information, a Ti containing composite was then selected 
as the most promising candidate material for ballistic applications.  Section 7.4.5 identifies this and 
compares its ballistic performance with a 40 wt % B4C composite without additives. 
7.4.2. The effect of TiC 
Initial trials with TiC were conducted on materials with B4C and TiC dry blended into ‘ready to press’ 
SiC granules.  A typical microstructure for these materials is shown in fig. 7.6. 
 
Fig. 7.6: BS SEM image of a 54 SiC – 36 B4C – 10 TiC wt% composite produced by dry blending, 
sintered at 2125 oC. 
Fig. 7.6 shows light grey SiC and dark grey B4C interspersed with a lighter (Ti containing) phase.  The 
B4C and TiC are mixed around the SiC granules.  The effect of the TiC addition on % TD for materials 
prepared in this way is shown in fig. 7.7. 
100 m 
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Fig. 7.7: Plots showing effects of a) wt % TiC addition and b) temperature on densification of 
composites with 60:40 SiC:B4C by mass. 
Fig. 7.7 a) shows that addition of TiC appears to increase the % TD achieved compared to the control 
material.  This suggests that in general, addition of TiC to SiC-B4C composites aids densification.  It 
also appears that only a small addition is needed to improve densification behaviour, since there is 
an increase in % TD from 0 to 1 wt % TiC addition, while fig. 7.7 b) shows there is no significant 
difference in % TD achieved with differing levels of TiC addition across the range of temperatures 
tested. 
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The improvement in % TD at constant temperature suggests that TiC acts as a sintering aid.  
However, the sintering temperature does seem to have a greater effect overall.   
XRD spectra of materials sintered at 2125 oC and above shows no TiC peaks, which suggests that the 
TiC has reacted entirely.  The primary Ti containing phase in all materials examined appears to be 
TiB2, suggesting a reaction with B4C occurred. Additionally, with 10 wt % TiC addition, a possible 
Ti5Si3Cx phase was observed.  As discussed in section 7.2, Ti5Si3Cx is a known sintering aid for TiB2 
[25].  In this material it is believed to act as a sintering aid by providing slip at the boundaries 
between the powder particles.  A similar behaviour may occur in materials in the present study, 
which may account for the apparent improvement in densification behaviour. 
This work suggested that TiC may be a useful additive in to SiC-B4C composites, favouring 
densification while also producing mechanically favourable TIB2.  Therefore, the effect of TiC in 
materials produced by mixing in a slip was also investigated.  An example microstructure is shown in 
fig. 7.8.  Additions of 1 and 5 wt % TiC were selected because data in fig. 7.7 suggests adding any TiC 
appeared to make more difference to densification than the amount added to the composite.  A 
lower Ti content is desirable, both due to the cost of the Ti powder and the higher density of the Ti 
compounds likely to form compared with SiC and B4C.  This offsets the density reduction from SiC by 
the addition of B4C.  The effect of TiC on densification in these materials is shown in fig. 7.9.    
 
Fig. 7.8: BS SEM image of a 57 SiC – 38 B4C – 5 TiC wt % composite produced by mixing in a slip, 
sintered at 2200 oC. 
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Fig. 7.9: Plot showing % TD achieved as a function of wt % TiC for three different temperatures in 
materials produced by mixing in a slip. 
Fig. 7.9 shows that there does not seem to be any marked increase in % TD with TiC addition in 
materials produced by mixing in a slip, regardless of sintering temperature.  XRD analysis of these 
materials shows that TiB2 is the only Ti phase present after sintering at 2125 oC and 2200 oC.  Given 
the possible link between Ti5Si3Cx and densification, it may be that the composition of these 
materials prevents any formation of this phase and so prevents any beneficial effects of TiC.  One 
possible reason for this is the amount of C present in the powder blend.  Powder blends for the 
materials in fig 7.9 contained approximately 4 wt % C.  However, the Si-Ti-C phase diagram in fig. 7.1 
shows that the formation of TixSiyCz phases is thermodynamically possible in a SiC-TiC system which 
is C deficient.  Formation of such a phase in the initial trial materials may be explained by their low 
overall C content.  Alternatively it may be a result of inhomogeneity.  In these materials, C was 
added in the SiC granules.  Given the low self-diffusivity in both SiC and B4C it is therefore possible 
that some regions were C deficient. 
Hence, to test the effect of C content, a material with 57 SiC – 38 B4C – 5 TiC wt % and approximately 
2 wt % C was produced and compared with the 4 wt % C material, which otherwise has an identical 
composition.  These materials are henceforth referred to as ‘low and ‘high’ C respectively.  Fig. 7.10 
shows the % TD achieved for the two composites. 
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Fig. 7.10: Plot showing % TD as a function of sintering temperature for two materials containing 
equal wt % TiC but different C addition levels 
Fig. 7.10 shows that with a lower C content, the % TD achieved at a given temperature in these 
materials is slightly higher at a given temperature than with high C.  However, XRD analysis does not 
show any TixSiyCz phases.  Hence, the mechanism by which TiC favours densification in C deficient 
systems is not certain.  One possibility is that these phases form locally during sintering but are 
consumed during cooling.   
While the C content appears to improve densification, in chapter 5 it was shown that C content can 
affect indentation size effect behaviour.  Fig. 7.11 shows the Knoop hardness of materials with high 
and low C content at constant temperature. 
 
Fig. 7.11: Knoop hardness of materials containing 5 wt % TiC mixed in a slip as a function of load, for 
two different C addition levels. 
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Fig. 7.11 shows that at low loads, the hardness of the two materials is comparable.  However, as 
observed for materials in chapter 5, at 10 N, the hardness of the low C sample is significantly lower 
than the high C material, suggesting the hardness at which the indentation curve will plateau is 
lower than that for the high C sample.  This may be because increased C content prevents plasticity 
during indentation by reducing grain growth in the materials.  Thus, reducing the C content in these 
materials may reduce material suitability for some applications. 
Overall, despite apparent positive effects on densification, TiC does not appear to be an entirely 
satisfactory additive in these materials. 
7.4.3. The effect of TiO2 
Materials with a range of TiO2 additions based on the SiC-B4C-TiB2 eutectic composition were fired at 
a range of temperatures.  An example microstructure of a material containing 50 % eutectic 
composition is shown in fig. 7.12. 
 
Fig. 7.12: BS SEM image showing a SiC-B4C composite designed to contain 50 vol % SiC-B4C-TiB2 
eutectic composition, sintered at 2200 oC. 
Fig. 7.12 shows that three phases are present in the material, as observed in fig. 7.6; the light and 
dark grey phases are SiC and B4C respectively, while the lightest phase is Ti rich.  XRD data shows 
that TiB2 is the only remaining Ti phase in the sintered body, as expected.  Further, XRD data of 
material heated to 1400 oC already shows TiB2.  This suggests that TiB2 has formed well below the 
sintering temperature.  Fig. 7.13 demonstrates the effect of the amount of eutectic, with 
correspondingly increased TiO2, on % TD in these materials. 
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Fig. 7.13: Plot showing the effect of eutectic composition on % TD achieved across a range of 
temperatures.   
Fig. 7.13 shows that in all materials, increasing sintering temperature increases % TD.  However, as 
the % eutectic composition increases, % TD reached at constant sintering temperature decreases.  
This suggests that TiB2, or its formation, can inhibit densification for this material composition.  At 
2200 oC, densification is sufficient to produce nearly 98 % TD across the composition range, 
however.  This may be due to the interfacial area between the three phases, as for materials with 
different SiC/B4C ratios discussed in chapter 4.  As in chapter 4, it may be suggested that interfaces 
between two different phases provide lower driving force for densification than between like/like 
interfaces.  With more eutectic composition, there is more TiB2 and thus more interfacial area 
between phases.  Thus, at lower temperatures, where slower mass transport processes dominate, 
the increased eutectic composition reduces densification.  However, as in chapter 4, at the higher 
temperature, faster mass transport processes seem to operate, allowing composites across the 
composition range to achieve higher density, in spite of interfacial area between phases. 
As discussed in section 7.3, if Ti as TiB2 is beneficial in these composites, either to densification or 
mechanical properties, it would be desirable to produce materials with a range of starting SiC:B4C 
ratios containing Ti.    Example microstructures of materials starting from 20, 40 and 80 wt % B4C 
each with 25 % eutectic composition are shown in fig. 7.14.  Only 25 % eutectic composition addition 
to each was tested because, as shown in fig. 7.13, it appears that small additions of TiO2 inhibit 
densification less. 
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a)  
b)  
c)  
Fig. 7.14: BS SEM images showing 25 % eutectic composition samples with a) 20:80, b) 60:40 and 
c) 80:20, SiC:B4C wt % ratios. 
Fig. 7.14 shows all three materials display good phase inter-dispersion with approximately equal 
amounts of TiB2.  The % TD achieved for materials starting from each SiC:B4C mass ratio tested, with 
and without addition of TiO2, is shown in fig. 7.15.      
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Fig. 7.15:  Plot showing the effect of B4C content on % TD achieved in materials with and without 
addition of TiO2 as a fraction of eutectic composition across a range of firing temperatures. 
As shown in fig 7.15, all materials tested achieved near 98 % TD when sintered at 2200 oC, 
irrespective of composition.  It is therefore possible to produce the three phase composites at 
different SiC:B4C mass ratios.  At lower temperatures, all materials with TiO2 addition (25 % eutectic 
composition) show lower % TD than the same starting SiC:B4C ratio without TiO2 addition.  Further, 
at higher wt % B4C, reduction in temperature causes a greater reduction in % TD achieved.  This 
suggests TiB2 does not act as a sintering aid in these materials, with any SiC:B4C ratio. 
Across all materials, it appears TiO2 does not enhance densification.  One possible reason for this is 
that the reaction proposed with B4C produces gas.  This may limit densification by the formation of 
trapped pockets of gas or void regions, which may be harder to close during sintering.  This may 
result in pore features such as those shown in fig.7.16. 
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Fig. 7.16: BS SEM image showing Ti rich agglomerate feature with hollow morphology surrounded by 
highly porous region. 
Fig. 7.16 shows a Ti rich feature caused by poor TiO2 dispersion.  Material surrounding this region is 
highly porous suggesting that a comparatively large volume of gas has formed.  However, given that 
the TiO2 reacts when the samples are still porous, as TiB2 was observed at 1400 oC in XRD data, this 
may not be sufficient to generate porosity except around particularly large agglomerates. 
Another possible factor in densification reduction by TiO2 addition is that that TiB2, formed before 
sintering can occur, inhibits densification.  Once formed it presumably has a higher surface energy in 
contact with SiC or B4C particles than either do against particles of the same type.  Thus, increasing 
the amount of TiB2 present during sintering reduces the driving force for densification, as was 
demonstrated in chapter 4 with SiC/B4C interfaces.      
7.4.4. Comparison of Ti additives 
As shown in sections 7.4.2 and 7.4.3, neither TiC nor TiO2 significantly improve densification of SiC-
B4C composite materials.  Of the two, TiO2 addition can inhibit densification, while TiC may improve 
densification under some circumstances.  If the interfaces between TiB2 and SiC or B4C discussed in 
section 7.4.3 are the cause of reduction in density with TiO2, a similar effect might be expected with 
TiC.  This may suggest that the evolution of gas during the reaction of TiO2 is the primary way in 
which it inhibits densification.  Alternatively, the reaction temperature of the TiC compared with 
TiO2 may be important.  XRD was therefore carried out on samples heated to temperatures below 
the sintering temperature, to determine the reaction temperature range of the Ti additives.  After 
heating to 1400 oC, the only Ti phase observed by XRD in material with TiO2 in the powder blend was 
TiB2, suggesting complete reaction of the TiO2.  On the other hand, in a sample with 5 wt % TiC 
prepared by mixing in a slip with ‘high’ C content, heated to 1400 oC, TiC was still observed; Ti was 
not present in any other form.  XRD analysis was therefore also conducted on the same material 
sintered for 1 hour at 2050 oC.  In this case peaks for both TiC and TiB2 were observed, suggesting 
that the TiC may remain stable up to near the sintering temperature for these materials.  Literature 
data for the B-C-Ti system suggests that B4C and TiC do not exist in equilibrium at 2000 oC [32], 
though TiC and TiB2 do.  It is therefore possible that only a small volume of TiC remains un-reacted.  
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This reaction may be important to the apparent beneficial effect on densification shown by TiC 
under certain conditions.    
Despite the effects of each Ti additive on densification, both can be sintered to 98 % TD. The effect 
of each additive on mechanical properties and microstructure can therefore be considered and 
compared.  In order to do this, materials with equal SiC:B4C:Ti mol % have been prepared – these are 
the material with 25 % eutectic for TiO2 and the material marked ‘*’ in table 7.1 for TiC.  Example 
microstructures of each are shown in fig. 7.17. 
a)   
b)  
Fig. 7.17: BS SEM images of SiC-B4C composites containing Ti rich features resulting from the 
addition of a) TiC and b) TiO2, with equal molar ratio of SiC:B4C:Ti. 
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Fig 7.17 shows that the microstructure and phase composition of each material are similar.  The TiB2 
feature size resulting from the two additions can also be compared.  The Ti features are clearly 
visible under reflected light microscopy, as shown in fig. 7.18.  In fig 7.18, many black spots are also 
visible.  These are the result of grain pullout during the polishing process. 
 
Fig. 7.18: Reflected light micrograph of a polished surface of a composite prepared with TiO2 
addition. 
The mean Ti rich feature lengths were 5.6 ± 0.2 m and 4.6 ± 0.3 m, while the mean aspect ratios 
were 1.6 ± 0.1 and 2.4 ± 0.1 for TiC and TiO2 respectively.  Therefore, while the feature sizes are of 
the same order of magnitude, the TiB2 features formed from TiO2 are more needle/plate like.  This 
may be due to the different reaction temperatures of the two additives.  Also, the TiO2 used is finer, 
so significant growth must be occurring to produce the observed feature sizes; the greater surface 
curvature may facilitate this.  Additionally, as the reaction of TiO2 with B4C evolves gas; it is possible 
this gives a vapour phase pathway for the growth of TiB2 features.  Since the TiO2 forms TiB2 at a far 
lower temperature than TiC, there is more porosity in the bulk material when the reaction occurs.  
This means that the growing TiB2 can form along preferred growth directions.  In the case of TiC, 
appreciable densification can occur before the apparent formation of TiB2.  Growth directions are 
therefore more restricted, resulting in the more blocky morphology observed.   
Physical properties of these materials can also be compared.  These data are compared with a 
control of a 40 wt % B4C composite, in order to establish effects of Ti.  Knoop hardness behaviour in 
materials with Ti additives is shown in fig. 7.18.   
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Fig. 7.19: Plot showing Knoop hardness of materials with TiC and TiO2 additions compared with a 
control SiC-B4C composite without Ti additives as a function of load. 
Fig. 7.19 shows that all materials tested display typical indentation size effect behaviour.  Given 
experimental error, there does not seem to be a notable difference in hardness between the 
materials.  This suggests neither Ti compound has a significant effect on material hardness, despite 
reduced hardness beings a common effect with secondary phase addition.   
Toughness may also be important in these materials.  The K1C calculated for the control sample was 
3.5 ± 0.2 MPa m1/2.  However, samples prepared with TiC and TiO2 both yielded K1C of 
4.0 ± 0.2 MPa m1/2.   Thus Ti addition does seem to retain material hardness while somewhat 
increasing toughness.  
Typical SEM micrographs of the fracture surfaces to determine are shown in fig. 7.20. 
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 Control
     TiO2
 TiC 
Fig. 7.20: SE SEM images of fracture surfaces of SiC-B4C composites, without additives (control) and 
with TiO2 and TiC.  Lighter regions are Ti rich. 
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In fig. 7.20 it appears that the materials all fail in a predominantly transgranular manner.  However, 
around what appear to be Ti rich features, failure is intergranular, suggesting pull out and crack 
bridging mechanisms may be operating around these.  This may account for the slight increase in 
measured toughness.  The increase is small because the volume fraction of the Ti phase is also 
relatively small.   
7.4.5. Effect of Ti additives on ballistic performance of composites 
In order to assess the effect of Ti additives on ballistic performance, a Ti-containing material was 
produced on the basis of the information in sections 7.4.2 to 7.4.4.  Both Ti additives considered 
produce a dispersion of TiB2 in the sintered body and this provides a toughening effect in each case, 
though the hardness is not significantly affected.  As stated in section 7.3, 10 wt % TiC was selected.  
TiC was preferred since TiO2 seems more likely to inhibit densification.  An addition of 10 wt % was 
used to increase the effect of Ti by increasing the amount of TiB2.  As stated in section 7.3, the 
remaining material had a SiC:B4C ratio of 60:40.  Additionally, the higher C addition level was 
selected.  While in chapter 6, C addition level did not appear to directly affect ballistic performance, 
section 7.4.2 suggests composites with TiC and lower C levels show reduced hardness at higher 
loads, and this may be linked to reduced ballistic performance.  The material was compared with a 
40 wt % B4C control, also with the higher C addition level.   Both the TiC containing material and the 
control were sintered at 2200 oC, to achieve 98 % TD.  The TiC containing material gave a fired 
density of 2.99 g cm-3, compared with 2.84 g cm-3 for the control material.  Toughness values were 
measured as 4.1 ± 0.2 MPa m1/2 and 3.7 ± 0.2 MPa m1/2 for the Ti-containing material and the control 
respectively.  The ballistic performance of each material is shown in fig. 7.21. 
 
Fig. 7.21: Bar chart showing V50 performance of the selected Ti-additive material compared with a 
control 40 wt % B4C material. 
Fig. 7.21 suggests that the Ti additive gives a slight performance increase, both in terms of V50 and 
reproducibility.  This may result from the TiB2 inclusions changing crack propagation due to a 
residual thermal stress, in the same manner as proposed for coarse B4C in chapter 6.   
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However, given experimental scatter, this result is not conclusive.  Further, the control material and 
TiC containing material were prepared at the same time, to facilitate direct comparability.  However, 
the initial 40 wt % B4C material, prepared separately but using the same materials, composition and 
processing conditions achieved a V50 of 970 ± 20 m s-1. This is greater than the V50 of either material 
shown in fig. 7.20, which are 940 ± 20 m s-1 and 960 ± 20 m s-1, for the control and Ti-containing 
material respectively.  Though the materials prepared together are more likely to be directly 
comparable, the performance of the different material batches highlights the uncertainty 
surrounding ballistic testing.   
Further, the higher density of the Ti-containing material offsets any performance increase compared 
with the control material.  Since the improvement in ballistic performance is somewhat inconclusive, 
the TiC material is less potentially useful.  This can be illustrated by comparison with materials 
containing 10 wt % coarse B4C, as discussed in chapters 5 and 6.  These are of equal density to the Ti 
containing material but demonstrate higher V50 performance, which has been successfully repeated.  
The coarse B4C is cheaper than the fine B4C in the Ti containing material, and the TiC itself is 
expensive.  As discussed in chapter 1, composites should achieve a balance between performance, 
weight and cost.  In this case the weight of the two materials is equal, but the material with coarse 
B4C is superior in both of the other factors.     
 
 
 
7.5. CONCLUSIONS 
This chapter has demonstrated that it is possible to add Ti to SiC-B4C composite materials across a 
range of compositions.  Principal findings are as follows: 
 Both TiO2 and TiC react in situ to produce TiB2 as fine, well dispersed particles. 
 It is possible to produce fully dense composites with both additives, across a range of 
compositions. 
 TiO2 can inhibit densification, while TiC may benefit it under certain conditions, though there 
is no significant reduction in processing temperature. 
 Both Ti additives tested can increase material toughness compared with a control sample, 
while retaining hardness, but only to a limited extent. 
 Crack deflection/pull out appears to be the toughening mechanism. 
 While TiC addition may slightly improve the V50 of a composite, the effect is small given the 
uncertainty in ballistic performance and the increase in density. 
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8. GENERAL DISCUSSION AND CONCLUDING REMARKS 
8.1. OUTLINE OF CHAPTER 
Each of the previous four chapters presented an investigation designed to meet specific objectives 
required for overall project aims.  The first objective of this chapter is to consider the key findings in 
these investigations and, in light of this, to measure progress against overall aims.  This is addressed 
in section 8.2.  In addition, results in this study suggested a number of follow on enquiries which 
were not possible due to time constraints, or not directly related to the project aims, but may be of 
interest as follow on work.  Section 8.3 identifies these possible investigations. 
8.2. ASSESSMENT OF FULFILMENT OF PROJECT AIMS AND OBJECTIVES 
8.2.1. Introduction 
The first key project aim was the production of SiC-B4C composites with improved ballistic 
performance.  The degree to which this was achieved is discussed in section 8.2.2.  The second key 
aim was improving understanding of links between microstructure and ballistic performance.  
Progress against this is considered in section 8.2.3.  In chapter 1, a number of necessary interim 
objectives were identified.  Other avenues of investigation were also considered, and some interim 
findings may have wider application to ceramics.  Both of these are summarised in section 8.2.4. 
8.2.2. Improving ballistic performance of composites 
In chapter 1, it was noted that ‘performance’ included protection level, cost and weight, with 
improvement possible in any of the three areas.  For example, a significantly lower sintering 
temperature giving a material with equal V50 and weight could reduce material cost.  As chapter 6 
showed, standard SiC materials manufactured by the processing route used in this investigation 
showed variable performance.  However, with proper process control a standard SiC demonstrated a 
V50 of 980 ± 10 m s-1 at a density of 3.17 g cm-3.  Of the materials tested, only materials with larger 
B4C features demonstrated similar or higher performance at lower density than this.  Material with 
10 wt % B4C agglomerates, sintered to 99 % TD achieved 990 ± 10 m s-1 at a density of 3.06 g cm-3, 
and material with 10 wt % coarse B4C achieved around 980 ± 10 m s-1 at a density of 3.00 g cm-3.  
Therefore, both show performance which is not significantly higher than the best standard SIC 
produced, with slight reduction in density.  Of these two, coarse B4C offers lower costs.  Additionally, 
it was repeated twice.  It therefore appears more reproducible compared with the standard SiC 
material, which showed significant variation with repeats.  This type of material is therefore 
considered the most promising candidate for further development. 
Another important result is that it appears similar ballistic performance can be achieved across a 
range of SiC-B4C compositions using fine, homogeneous B4C.  This potentially allows materials with 
different cost/weight balances but similar levels of protection to be produced for different 
applications.  However, it should be noted that system design will also affect performance.  This is 
beyond the scope of this investigation.  For example, different tile thicknesses may be used against 
different threats to achieve different protection/weight balances, independent of material choice.  
Additionally, testing in the present study has been conducted only against a single threat.  It may be 
that different compositions respond differently to different threat levels.  For example, higher 
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wt % B4C compositions may show lower performance than lower wt % compositions against higher 
energy threats, due to amorphisation.  
Addition of Ti does not seem to improve any of the defined aspects of performance.  V50 does not 
seem to change significantly compared with a suitable control and required processing temperature 
is not significantly reduced.  At the same time, material TD is increased by Ti addition, as this leads to 
the formation of TiB2 so weight saving from the composite material is reduced. 
Overall, this primary aim has been achieved by slight density reduction and increase in reliable level 
of protection.  However, no material produced represents a step change in performance in this 
system. 
8.2.3. Understanding links between microstructure and ballistic performance 
In general, one clear point is that, while some links between microstructure and performance have 
been tentatively established in these materials, processing control and quality are definitely of 
paramount importance.  This link is well understood in industry.  Hence, another potentially 
beneficial aspect of armour materials is process tolerance.  For example, if different powders can be 
used to achieve the same ballistic performance, material supply security is increased.  Process 
tolerance is another potential advantage of material with coarse B4C; in this investigation, as well as 
a repeat of the initial composition, materials of this type have been produced with different C 
addition levels, grain structures, and processing routes and consistently achieved V50 values above 
960 m s-1. 
It is suggested that larger pore features, or more large features within a size range can reduce 
ballistic performance.  Materials with large B4C features appear to be more tolerant of larger pores, 
though this may be because flaws and debond cracks around the features themselves were also 
measured as pores and these behave differently to pores in a fine, homogeneous matrix.   
B4C feature size also seems to have some effect on ballistic performance.  At constant % TD and 
addition level, larger features generally give higher V50 values over the size range tested.  This has 
been tentatively linked to the residual stress in these materials, which depends on the addition level 
and also the value of the critical stress for feature debonding, which depends on B4C effective defect 
size, relative to this. 
Whether there is a link between grain size and performance is less clear.  It appears that there may 
be a general trend for V50 to decrease with increasing grain size in a given class of materials at 
constant % TD.  While this can be linked in some cases with general microstructural coarsening 
which also gives rise to fewer, larger pores, this possible trend has been observed in materials where 
pore size distribution is similar.  However, other microstructural and processing parameters are 
more likely to be important to ballistic performance. 
While limited progress was made correlating ballistic performance with microstructural properties, 
there does seem to be a weak link between Vickers hardness at higher loads and V50.  This is weak 
and therefore not necessarily sufficient for ranking similar materials.  However, in materials tested, 
there appears to be a much stronger link between ballistic performance and Knoop hardness 
behaviour, including both hardness and ISE behaviour.  If maximum safe velocity, V0, can be 
estimated as shown in chapter 6, this suggests that a careful assessment of hardness behaviour, 
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using a merit figure as given in equation 6.3, could be used to screen materials.  However, due to the 
errors associated with ballistic testing and performance, this testing could not be used to 
categorically differentiate materials.  
Overall, some progress has been made against this aim.  A more thorough understanding of the role 
of porosity has been achieved, though this is not definitive.   Further work would be necessary in 
order to confirm some of the apparent trends. 
8.2.4.  Other interim objectives and findings 
Achieving microstructural control in these materials was a key intermediate goal, covered in depth in 
chapter 4.  This investigation was successful, and a range of parameters which may contribute to 
densification and microstructural evolution have been determined.  Control of interfacial area 
provides a novel means of tailoring microstructure.  Grain growth has been isolated from 
densification to some extent, and conditions which favour discontinuous grain growth identified.  
Due to links with grain growth, the crystallography of SiC has also been controlled.  Densification can 
also be partially separated from second phase re-enforcement feature size, provided the interfacial 
area between the phases is understood.  This is demonstrated by materials with 10 wt % 7 m B4C 
and 20 wt % 70 m B4C, which show approximately equal % TD after the same sintering treatment.  
Though not all microstructural features studied were shown to be significant to ballistic 
performance, they may be more important for other applications.   
Developing models for the effect of porosity on Young’s Modulus may also prove useful when 
considering the behaviour of composite ceramics for other applications.  Specifically, treating the 
pores and second phase together as a weaker second phase with volume equal to the sum of the 
two seemed somewhat effective.  In an application where stiffness is key, this method, in 
conjunction with careful examination of the microstructure, may allow predication of required 
microstructural parameters to achieve needed modulus. 
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8.3. POTENTIAL FUTURE WORK 
8.3.1. Introduction 
Though this investigation has developed understanding of SiC-B4C composites and some factors that 
may affect ballistic performance, further investigation could improve understanding of the system.  
This section therefore considers possible follow on work.  The main areas identified are ones which 
could provide more information relevant to the aims identified for this investigation, discussed in 
section 8.3.2, and those which were suggested by this work but may not inform project aims, given 
in section 8.3.3. 
8.3.2. Improving understanding of ballistic performance 
While a relationship between increased grain size and reduced ballistic performance was suggested, 
several materials with controlled volumes of discontinuous grain growth displayed uncertain V50 
values.  The observed trend may therefore be reinforced or disproved by additional testing and so it 
could be beneficial to reproduce these materials.   
Residual thermal stress was identified as a potential source of improved performance in materials 
with relatively coarse B4C features.  Further work in understanding the residual stress created may 
therefore be useful in developing understanding of ballistic performance.  Micro-Raman may be one 
technique which could be employed, since peak shifts have been detected in stressed SiC. 
In a preliminary study, micro-Raman spectroscopy was used to attempt to measure residual stress.  
Spectra were taken at a number of points in the SiC material both adjacent to B4C features and in the 
bulk.  According to published data, stress in the material will result in a peak shift [1].  Further, the 
three phase model discussed in chapter 5 suggests that material away from second phase inclusions 
will show no tensile stress.  If this stress gradient exists in the material, there should be a difference 
in the mean peak shift between spots adjacent to features and in the bulk.  No such shift was 
detected in the preliminary trial. 
As the link between B4C feature size and ballistic performance is not fully understood, a second 
potential test would be to produce material with wider range of B4C feature sizes of the same type.  
These could be tested by the V50 method to establish what, if any, relationship exists between size 
and performance.  This could be accomplished using agglomerate features of different sizes, and 
adding these to SiC in constant wt %.  These materials could then all be sintered to give high % TD, 
aiming to produce similar pore size distributions, and tested using the V50 method.  Different sized 
coarse B4C particles could also be used.  However, it may be harder to control density and porosity in 
this case.   
For all future ballistic tests, materials could also be ranked using the merit index from Knoop 
hardness data as discussed in section 8.2.3, in order to determine whether valid across a wider range 
of materials. 
8.3.3. Other possible research areas 
The two standard SiC materials tested by the V50 method showed widely different grain and pore 
structures.  While the difference in porosity seems to account for the difference in ballistic 
performance, the reason for the difference in microstructures has not been identified.  Powder 
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samples could be analysed and possible impurity elements quantified.  This would improve 
understanding of the effect of material purity, which may have applications for industrial processing 
of these materials.  Further, the dramatic difference in structure and properties between these 
materials suggests that an investigation into material purity could develop understanding of 
microstructural evolution and hence another novel means of microstructural control.   
Initial work on the effect of ballistic impact on crystal structure was presented in chapter 6.  While 
preliminary data do not suggest any link between these effects and ballistic performance, they do 
demonstrate it may be possible to gather crystallographic information in this way.  Fragments of 
further ballistic testing could therefore also be collected and tested using this method.  Additionally, 
the effect of fragment size on changes measured in crystallography could also be studied by sieving 
fragments to different size ranges.  
These data would be of particular interest in B4C given that amorphisation has been widely 
discussed.  However, Rietveld refinement of XRD data of B4C has been identified as challenging in 
the present work.  An alternative method quantifying amount of crystalline B4C remaining in the 
fragments may be comparison to SiC-B4C powder blends of known mass ratios.   
Finally, a number of materials produced in this work show microstructures which suggest that they 
may be of potential interest for other applications.  For example, the fine, homogeneous three 
phase microstructures shown in chapter 7 may be suitable for wear applications.  Further testing 
may demonstrate suitability of these materials in other systems. 
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